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ABSTRACT OF DISSERTATION
UNDERSTANDING ELECTRICAL CONDUCTION IN LITHIUM ION
BATTERIES THROUGH MULTI-SCALE MODELING
Silicon (Si) has been considered as a promising negative electrode material for lithium
ion batteries (LIBs) because of its high theoretical capacity, low discharge voltage,
and low cost. However, the utilization of Si electrode has been hampered by problems
such as slow ionic transport, large stress/strain generation, and unstable solid elec-
trolyte interphase (SEI). These problems severely influence the performance and cycle
life of Si electrodes. In general, ionic conduction determines the rate performance of
the electrode, while electron leakage through the SEI causes electrolyte decomposi-
tion and, thus, causes capacity loss. The goal of this thesis research is to design Si
electrodes with high current efficiency and durability through a fundamental under-
standing of the ionic and electronic conduction in Si and its SEI.
Multi-scale physical and chemical processes occur in the electrode during charg-
ing and discharging. This thesis, thus, focuses on multi-scale modeling, including
developing new methods, to help understand these coupled physical and chemical
processes. For example, we developed a new method based on ab initio molecular
dynamics to study the effects of stress/strain on Li ion transport in amorphous lithi-
ated Si electrodes. This method not only quantitatively shows the effect of stress on
ionic transport in amorphous materials, but also uncovers the underlying atomistic
mechanisms. However, the origin of ionic conduction in the inorganic components
in SEI is different from that in the amorphous Si electrode. To tackle this problem,
we developed a model by separating the problem into two scales: 1) atomistic scale:
defect physics and transport in individual SEI components with consideration of the
environment, e.g., LiF in equilibrium with Si electrode; 2) mesoscopic scale: defect
distribution near the heterogeneous interface based on a space charge model. In addi-
tion, to help design better artificial SEI, we further demonstrated a theoretical design
of multicomponent SEIs by utilizing the synergetic effect found in the natural SEI.
We show that the electrical conduction can be optimized by varying the grain size
and volume fraction of two phases in the artificial multicomponent SEI.
KEYWORDS: lithium ion batteries, solid electrolyte interphase, amorphous silicon
electrode, ionic conduction, diffusion, heterogeneous interface
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Chapter 1 Background and motivations
1.1 Silicon electrode and its solid electrolyte interphase
There are increasing demands on the performance electrochemical storage systems,
since it is widely agreed that we should in the future rely more on renewable energy
sources rather than burning fossil fuels. This is based on two main concerns: the
natural source of fossil oil and charcoal, is limited; the second is the environmental
concerns about the CO2 emission causing global warming and pollution from incom-
plete combustion, e.g., CO and formaldehyde. However, most sustainable energy
sources, such as solar, tidal and wind energy, are not stable all the time which foster
the requirements of developing electrochemical storage device that can absorb and
release power efficiently. Especially in the civil transportation industries, high ca-
pacity and efficiency energy storage systems are required for electric vehicles (EVs).
In the past, the fuel cell seemed to be a good candidate with high energy density,
but the operation and hydrogen storage problems impede its practical operation.3
Alternatively, the lithium ion batteries (Li-ion Batteries or LIBs) would be one of the
most promising candidates in the near future.
Figure 1.1: A schematic picture about the LiCoO2−Graphite battery sys-
tem.(Adapted from reference [1]. Copyright c© The Royal Society of Chemistry 2011)
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Figure 1.1 illustrates the commercial Li-ion battery system at present for most
portable electronic devices, e.g., laptop, cellphone, in which the cathode material
is LiCoO2 and the anode material is graphite. The charging and discharging are
driven by the Li ion transportation lithiating or delithiating with the electrodes. The
separator between cathode and anode should be an ionic conductor and electronic
insulator, which can prevent direct red-ox reaction between the electrodes. However,
the low energy density, low power density and degradation problems of current battery
systems impede the wide application in vehicles. Since the energy released during
battery discharging4 is
Energy =
∫
V dq (1.1)
where V is the voltage and q the amount of charge transferred, one of the alternatives
to increase the energy storage is to increase the charge capacity in the battery. In
recent years, Silicon (Si)5 has received much interest as a promising anode material for
its high Li-storage capacity compared to graphite or tin (Figure 1.2), low discharge
potential, and cost.2,6 Unfortunately, these merits come with a range of problems:
large volume expansion upon cycling (≈ 300%), unstable solid electrolyte interphase
(SEI) formation, and low Li diffusion coefficient during lithiation and delithiation, all
of which induce severe degradation problems, capacity loss, and limited the rate and
cycling performance of LIBs.5,7–11
2
Figure 1.2: Specific capacities of different anode materials.(Adapted from reference
[2]. Copyright c© The Electrochemical Society 2007)
Recently, in order to make Si-based anodes commercially usable, research efforts
have been devoted to improving the rate performance and capacity retention of Si
electrode. The main efforts in the recent years have been focused on the following
three aspects:
• Nanostructured Si systems (nanowire12–15, nanotube16,17, nanoparticle18, pat-
terned nanostructure19) were built with the idea that they could provide the
structural buffer space to accommodate expansion and fast Li diffusion paths.
Nam et al.19 reported the improvement cycling performance by different nanopat-
terned Si electrode. Cui’s group13 in Stanford University found the Si nanowire
anode based LIBs can sustain the large volume change during cycling, pre-
venting electrode from pulverization and losing in electronic conduction. Their
Si electrode maintained the 75% of the theoretical capacity when discharging.
Unfortunately, the large surface-to-volume ratio caused the electrode exposed
significantly to the electrolyte, which induced another problem: increasing Solid
Electrolyte Interphase (SEI) formation on the electrode surface. SEI is formed
due to the red-ox reaction of the components in electrolytes with Si on the
surface of electrode and can prevent further side reaction, like in graphite, if
3
it is stable. The SEI formed on Si electrode cannot sustain the 300% volume
expansion, and, the electrolyte degrades the electrodes and causes capacity loss
and low current efficiency.
• Making composite material (Graphite/Silicon20, TiO2/Silicon21 composites)
electrodes in “composite” microstructures was another avenue that has been
focused on to put Si into commercial use. The idea of immersing nano-Si par-
ticles into graphite or TiO2 matrix was that the graphite around the Si can
buffer the volume change and increase the kinetics of Li ion transport in elec-
trochemical cycles. Lee et al.20 made spherical silicon/graphite/carbon com-
posites anodes and showed around 700 mAh/g can be delivered with almost
100% coulomb efficiency within the first 50 cycles. Gallium was proposed as
a “self-healing” electrode22 for its solid-liquid transition during lithiation and
delithiation. However, due to the low diffusion coefficient of Li ion in the Si
electrode, one question was which part in the composites would Li ion prefer to
insert into. The capacity would be significantly reduced if Li ion goes into the
less-active part rather than Si.
• Surface modification, also known as artificial SEIs, has also recently been shown
to be a promising method that can mitigate both the chemical and mechani-
cal degradation in cathodes (LiCoO2 23) and anodes (graphite23, Si24–26). Cui’s
group demonstrated the effect of naturally formed oxides on Si nanowire surface
and showed the suppress effect on Si volume expansion within 50 nm diame-
ter enhanced the durability of Si electrode25. In addition, their Si nanotube
with ion-conductive oxides outside layer can be cycled up to 6000 times with
85% of the initial capacity24. Xiao et al.26 adopted a film structure of Si to
study the effects of Al2O3 coatings which showed a formation of stable inter-
facial layer with a high Li ion permeability. Since Al2O3 is relatively stiff, it
4
can constrain the volume expansion and mitigate the mechanical degradation26.
Electrolyte additives such as Fluoroethylene Carbonate (FEC)27 was used as a
surface modification method and one of its advantages was lower in cost than
that for chemical vapor deposition method, such as Atomic Layer Deposition
(ALD) coatings. Etacheri et al.27 studied the effect of FEC as a co-solvent
on the performance of Si nanowire electrodes. They proved that the reduced
irreversible capacity loss was due to the FEC induced thinner and compact film
formation on the surface. However, these concepts are all far from commercial
use, which motivate us to seek alternative coating materials or electrolyte addi-
tives with appropriate film thickness, Si particle size and geometry. As a result,
an integrated experimental and computational model is required in order to
design an optimized coating.
1.2 Motivations and overview of this thesis
The goal of this thesis is to design Si electrodes with high current efficiency and
durability through fundamental understanding of the ionic and electronic conduction
in Si and its SEI. In general, ionic conduction determines the rate performance of
the electrode, while the electron leakage through the SEI causes electrolyte decom-
position and, thus, causes capacity loss. Multi-scale physical and chemical processes
occur in the electrode during charging and discharging. This thesis, thus, focuses on
multi-scale modeling, including developing new methods, to help understand these
coupled physical and chemical processes. Chapter 2 introduces a brief overview of
the computational tools and methods. Chapter 3 presents a new method based on ab
initio molecular dynamics to study the effects of stress/strain on the Li ion transport
in amorphous Si electrodes. However, the origin of ionic conduction in the inorganic
components of SEI is different from that in the amorphous Si electrode. To tackle
this problem, I developed a model separating the problem into two scales: 1) atomic
5
scale: defect physics and transport in single SEI components with consideration of
their environment; 2) mesoscopic scale: defect distribution near the interface of differ-
ent components. In Chapter 4, we present a study of defect physics and its transport
in an important SEI components: LiF. The defect profile in equilibrium with the
contacted electrode is correlated to the ionic and electronic conduction through the
single solid electrolyte coating. Based on the knowledge of defect chemistry in single
SEI components, in Chapter 5, we present a further study of the influence of hetero-
geneous interfaces between different SEI components, such as, LiF and Li2CO3, to the
defect distribution. Our results show that this defect redistribution near the inter-
face plays a very important role to promote the ionic conduction but prevent electron
leakage through the SEI. In order to utilize this synergetic effect and optimize the
electrical conduction through the SEI, in Chapter 6, we propose a SEI structure with
two components that can maximize the ionic conduction and minimize the electronic
conduction. Based on this sturcture, the effect of grain size and volume ratio to
the promotion of ionic conduction was also studied. Finally, Chapter 7 presents a
summary of the research work and discusses some future research directions.
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Chapter 2 Overview of the computational methods
2.1 Density Functional Theory
Quantum mechanics was one of the most important break-throughs in the twentieth
century. Materials are composed of nuclei and electrons. The Born-Oppenheimer
approximation (BO)28 provides a simple mathematical way to treat nuclei and elec-
trons separately by a separation of the energy surface as a function of nuclei positions
and the electron movements. This treatment was based on the fact that the nuclei
are always much heavier than electrons, meaning that electrons respond much more
rapidly to the surroundings. As a result, we fix the atomic position and solve the
equations describing the election motion for the ground state energy, which is, for
simplification, the time-independent, non-relativistic Schrödinger equation[
− ~
2
2m
N∑
i=1
∇2i +
N∑
i=1
V (ri) +
N∑
i=1
∑
j<i
U(ri, rj)
]
Ψ = EΨ (2.1)
where m is the electron mass. The terms in the Hamiltonian are defined as, from the
left to right, the kinetic energy of electrons, the interaction between electrons and
nuclei, and the interaction energy between different electrons. The most challenging
part in solving this equation is the electron self-interaction part
∑N
i=1
∑
j<i U(ri, rj).
Among methods to address this, the Hartree-Fock Self-Consistent-Field method (HF-
SCF)28 provides a solution for Coulomb and exchange energy by application of central
field approximation. However, it ignores the electron correlation (Configuration In-
teraction), since the states of electrons in the method are independent of each other.
In the past, several methods, such as variational theory and perturbation theory
(MP2, MP3), have been adopted for adding or addressing the correlation energy in
configuration with exchange. The most computational efficient of these methods is
widely accepted to be the density functional theory (DFT).
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Density functional theory, firstly proposed by Kohn and Hohenberg29 in 1964, is
based on two key theorems:
• The ground-state energy from Schrödinger’s equation is a unique functional of
the electron density
n(r) = 2
∑
i
ψ∗i (r)ψi(r). (2.2)
• The electron density that minimizes the energy of the overall functional is the
true electron density corresponding to the full solution of the Schrödinger equa-
tion.
Based on this, Kohn and Sham showed that, rather than solving equation 2.1, it
is equivalent to find the right electron density by solving a set of single electron
equations (Kohn-Sham Equations)29[
− ~
2
2m
∇2 + V (r) + VH(r) + VXC(r)
]
ψi(r) = εiψi(r) (2.3)
the first and the second term are defined as the kinetic energy of electrons and the
sum of electron-ion, electron-electron and ionic coulomb interaction energy. VH(r)
(Hartree potential)29
VH(r) = e2
∫
n(r′)
|r− r′|d
3r
′
(2.4)
defines the correction for the unphysical self coulomb interactions. The last part
VXC(r) is the exchange-correlation (XC) contributions and is defined as a functional
derivative29 of XC energy
VXC(r) =
δEXC(r)
δn(r)
. (2.5)
However, the difficulties in having the exact EXC force us to use some approxima-
tions, such as local density approximation (LDA), generalized gradient approximation
(GGA).29 Compared with LDA, GGA, such as Perdew-Burke-Ernzerhof (PBE) func-
tional30, contains the gradient of electron density and is one of the most popular
functionals in DFT calculations.
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Another important aspect in quantum chemistry simulation is the basis sets (ψi =∑
α cαϕα). There are two main categories of basis sets: 1) atomic orbital basis sets,
such as hydrogen orbitals, based on the fact that molecules are assembles of slightly
distorted atoms; 2) Plane wave basis sets with the principle that the nuclei are periodic
perturbations to the free electrons
nm(r) =
1√
Ω
∑
G
cm(G)exp(iG · r) (2.6)
where Ω is the normalization factor (volume of box), G is the reciprocal lattice vector
and r is the real space position. Here it is proposed to use the plane-wave basis sets
for three reasons: 1) The pseudopotentials (the ions in pseudopotential method are
composed of non-valence electrons and nuclei) are currently available to enhance the
efficiency of plain-wave calculations; 2) It is efficient in AIMD29; 3) The convergence
could be guaranteed with increasing the size of plane-wave basis sets.
However, we cannot do a calculation with an infinite plain-wave basis sets, since
G can be any integer values. We must truncate the basis sets. This is done by
specifying a plane-wave cut-off energy (Ecut) in our simulation and the value is kept
the same all through different calculations.
1
2
| G |2≤ Ecut (2.7)
In addition, Equation 2.6 only contains the Γ-point plane-wave expansion. Bloch
theorem31 stated that the eigenfunction for a periodic potential would be a plane
wave times a function with cyrstal periodicity uk(r). As a result, our wavefunction
would be
ψk,m(r) = exp(ik · r)nk,m(r) = 1√
Ω
∑
G
ck,m(G)exp[i(G + k) · r] (2.8)
where k would be any allowed wave-vectors in the primitive cell of the reciprocal
space. Monkhorst and Pack32 have shown that integrating sets of special points in
the Brillouin Zone could provide an accurate result of the periodic functions of wave
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vectors. As a result, in our simulation, rather than integrating all the possible k-
points for the plain-wave functions in the first Brilouin Zone, we will carefully select
some representative points (KPOINTS) to maintain high computational efficiency.
2.2 Molecular Dynamics
Molecular Dynamics Simulation (MD) provides an extension to static methods to
solve many-body problems numerically. It not only allows us to compare the sim-
ulation results with experiments based on thermodynamics and statistical physics,
but also can shed lights on the atomic or molecular motion based on Newtonian
mechanics. An important ensemble in MD is canonical ensemble or NVT, constant
number of particles, constant volume, constant temperature, which mimics some real
experimental settings. A thermostat is required in order to control the simulation
temperature. One of the most popular thermostat for realizing NVT-MD is the Nosé
-Hoover thermostat29,33 by extending the Lagrangian for microcanonical ensemble to
L =
1
2
3N∑
i=1
mis
2v2i − U(r1, . . . , r3N) +
Q
2
(
ds
dt
)2 − gkBT lns (2.9)
where if s(t) ≡ 1, it returns to NVE lagrangian. The Newtonian equations, used to
update the system, can be derived by
d
dt
(
∂L
∂vi
) =
∂L
∂ri
. (2.10)
The temperature in the MD simulation is then controlled by a “friction” term ξ
through the following Newtonian equations
dvi
dt
= − 1
mi
∂U(r1, . . . , r3N)
∂ri
− ξ
mi
vi,
dξ
dt
=
1
Q
[
3N∑
i=1
miv
2
i − 3NkBT
] (2.11)
Ab initio Molecular Dynamics is a branch of MD simulation but the potential is
defined by, rather than a force field which explicitly defines the atomic forces (e.g.,
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harmonic potential approximation), quantum chemistry calculations (e.g., DFT). To
make it clear, the Lagrangian in Equation 2.9 should be modified to
L =
1
2
3N∑
i=1
mis
2v2i − E[ϕ(r1, . . . , r3N)] +
Q
2
(
ds
dt
)2 − gkBT lns. (2.12)
The simulation routine is mainly in such a sequential way: 1) calculate the ground
state energy; 2) the positions of ions are updated according to the potential in one
MD step based on Newtonian Mechanics; 3) then returns to the first step. In the past,
this approach was time consuming, which impelled the development of Car-Parrinello
Molecular Dynamics29 (the basic idea is to simultaneously simulate the motion of nu-
clei and electrons by MD). However, in recent years, the Born-Oppenheimer Molecular
Dynamics (BOMD) has been more widely used.
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Chapter 3 Lithium ion transport in high capacity anodes
3.1 Summary
Silicon, as a promising electrode material for high energy density lithium ion batteries,
experiences large strains and stresses during lithiation and delithation. The coupling
effect between stress and lithium diffusion leads to a grand challenge to optimizing
the design of Si electrodes with high capacity and high rate capability, particularly
considering the amorphization of Si at initial cycles. In this study, we established a
relationship between stress and the diffusion coefficients of Li in amorphous Si by ab
initio molecular dynamics calculations (AIMD). The prediction from AIMD was vali-
dated by the potentiostatic intermittent titration measurements. Our results showed
that two Li diffusion mechanisms can operate depending on the stress state. Specifi-
cally, the stress can increase Li diffusion either through increasing free volume under
tension or by changing local structure under compression. However, within the range
of stress generated during the lithiation and delithation process, diffusion coefficients
are expected to vary by only one order of magnitude.
This chapter is reproduced from the work published as: Jie Pan, Qinglin Zhang,
Juchuan Li, Matthew J. Beck, Xingcheng Xiao, Yang-Tse Cheng, “Effects of Stress
on Lithium Transport in Amorphous Silicon Electrodes for Lithium-ion Batteries,”
Nano Energy 13, 192-199 (2015). Copyright c© Elsevier Ltd. 2015
3.2 Introduction
In recent years, silicon (Si) has received much interest as a promising negative elec-
trode material for lithium ion batteries (LIBs) because of its high specific capacity,
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low discharge voltage, and low cost.34–37 However, these merits come with a range of
problems: large volume expansion upon cycling (∼ 300%), cracking, and structural
changes38,39, leading to severe capacity degradation and short cycle life. Further-
more, lithium (Li) transport in LixSi electrodes is slow with a diffusion coefficient ap-
proximately between 10−10 and 10−14 cm2s−1 40–43. The performance of LIBs at high
charge/discharge rates (i.e., high current densities) critically depends on the Li trans-
port properties in electrodes. To limit the impact of these challenges, nano-structured
Si systems (e.g., nanowires13–15,44,45, nanotubes16,17, nanoparticles18,46, and patterned
nanostructures19) have been proposed to meet the demands for high performance bat-
teries. In these electrode structures, improved rate-performance is made by reducing
the effective diffusion distance that Li must travel. These improvements are achieved
at the cost of (1) severe solid electrolyte interface (SEI) formation due to large sur-
face area and (2) relatively low energy density. In order to design Si electrodes with
required performance and durability, careful engineering is needed to balance the
intrinsic properties of Si and nanostructuring. Thus, it is necessary, in the context
of charge/discharge rate, to understand the detailed mechanism of Li diffusion in Si
electrodes.
One the other hand, the coupling effect of lithium diffusion and its induced stress
makes the understanding of lithium transport more difficult, since stress can impact
Li diffusion and vice versa. Although several publications have reported Li diffusion
coefficients in Si40–43, the effect of stress on diffusion behavior has not been reported.
Large stresses on the order of a few GPa47,48 have been observed during lithiation and
delithiation of Si. In most cases, Si electrodes are amorphous. Unfortunately, there
is no universal rule which can describe the effects of hydrostatic stress on diffusion49
in amorphous alloys. In some amorphous systems, the hydrostatic compressive stress
would increase the diffusion coefficient (e.g., the viscosity decreased with pressure in
NaAlSi2O6 melts50, and enhanced interdiffusion in amorphous Si/Ge multilayers51),
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while in some other amorphous systems the effects of pressure on diffusion are absent
(e.g., 57Co diffusion in Co81Zr19 52). In addition, it was found that a compressive
stress could decrease the diffusion rates in some metallic glasses (e.g., 95Zr diffusion
in Co92Zr8 53). The fact that Si experiences both compressive and tensile stresses
during electrode cycling raised additional complexities. Therefore, it is necessary
to study the detailed kinetics and structural changes under hydrostatic tension and
compression in order to understand Li transport in amorphous Si.
In this chapter, we present a study integrating both calculations and experiments
to investigate the effect of stress on Li diffusion in Si electrodes. Explicit ab initio
molecular dynamics (AIMD) simulations based on density functional theory (DFT)
were performed to study the changes in structure, diffusion rates, and transport mech-
anisms in stressed LiSi systems. Our calculations found that Li diffusion coefficients
vary within one order of magnitude under the stresses encountered in Si electrodes,
in agreement with experimental observations of Li diffusion coefficients in lithiated
Si. The results of this work provide a better understanding at the atomic level of Li
diffusion behavior in amorphous Si, which can also be helpful to the understanding
of diffusion in other similar inorganic amorphous systems.
3.3 Methodology
3.3.1 Computational details
Ab initio Molecular Dynamics simulations, which provide fundamental information
about diffusion at the atomic scale, were performed using the Vienna Ab initio Simu-
lation Package (VASP)54,55. The exchange and correlation function was approximated
at the level of the generalized gradient approximation (GGA) in the Perdew-Burke-
Ernzerhof (PBE) flavor30. In addition, the ionic cores were modeled with projector-
augmented-wave (PAW) potentials56. The Brillouin zone was sampled at the Γ point,
which represented about 3.3×10−4Å−3 k-points for the selected box size. The energy
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cutoff for the planewave expansion of the electronic eigenfunctions was 350 eV. These
parameters were selected based on convergence tests of calculated total energy, and
were comparable with the parameters used in previous calculations6.
In the present calculations, we focus on amorphous LiSi (atomic ratio 1:1) com-
position as an example of a range of amorphous LixSi materials relevant to Si based
LIB electrodes. Amorphous LiSi alloy structures were prepared by AIMD within
VASP54,55. The systems were first created as crystals, typically containing 192 atoms
(96 atoms for each species). These structures were then heated up to a tempera-
ture above the melting temperature57 (e.g., 1700 K). At this temperature, systems
were equilibrated for 8000 MD steps with a 0.5 fs time step. To obtain amorphous
structures relevant at lower temperatures, the systems were then quenched to a tem-
perature of interest to perform structural studies and diffusion calculations (e.g., 1200
K and 900 K) with a rapid cooling rate: 200 K per 2000 time steps (1000 fs), similar
to the cooling rates used in previous calculations6,58. To prepare systems with dif-
ferent stresses at a specific temperature, we performed AIMD simulations at various
volumes by adjusting the simulation box size from above to below the equilibrium
volume of the stress-free state. A total of 2000 time steps (0.5 fs/step) was used
to equilibrate the volume controlled system. The potential energy of each system
converged to a stable value (the differences in potential energy were within 10−4
eV/atom) after 2000 time steps, signalling the end of the equilibration phase of the
AIMD simulations at a given volume. After that, the potential energy of another
2000 time steps were averaged and the energy values of different volumes were fitted
to a third order polynomial with respect to the box volume V (Figure 3.1).
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Figure 3.1: Ab initio molecular dynamics preparation of amorphous LiSi samples at
temperature T.
The hydrostatic stress in the simulation box is determined as
σT,N =
∂〈E(V, T,N)〉
∂V
∣∣∣∣
T,N
, (3.1)
where 〈E(V, T,N)〉 is the the equilibrated potential energy represented by the third
order polynomial which is a function of the volume, V , of the simulation boxes, the
temperature, T , and the number of atoms, N . The equilibrium volume (stress-free
volume) at different temperatures correspond to the volume Vequi at which
∂〈E〉
∂V
=
1
3a20
∂〈E〉
∂a0
= 0, (3.2)
where a0 is the supercell lattice constant. The equilibrated simulation box volumes
corresponding to each stress state of interest (e.g., 2, 1, -1, and -2 GPa) were calcu-
16
Table 3.1: The volume of stress free supercell at each temperature and the estimated
bulk modulus.
Temperature (K) V0(Å
3) Bulk modulus (GPa)
1500 3199.47 16.01
1200 3135.17 18.29
1000 3133.22 24.51
900 3100.37 26.74
lated from Equation 3.1 and were used to construct amorphous LiSi (a-LiSi) boxes
at various stress states (The volume of the stress free supercell and the bulk modulus
of amorphous LiSi at each simulation temperature are listed in Table 3.1). These
stressed boxes were equilibrated for 1000 time steps prior to characterization.
3.3.2 Experimental details
Diffusion coefficients of Li in amorphous Si were measured using a potentiostatic
intermittent titration technique (PITT). The working electrodes were 100 nm thick
Si films on Cu foils fabricated by E-beam evaporation, and the counter electrodes
were pure Li metals. The electrolyte was 1 M LiPF6 salt in 1:1 ratio of ethylene
carbonate/dimethyl carbonate (EC/DMC). PITT experiments were conducted using
a Bio-Logic potentiostat (VMP3) at room temperature. Potential steps of 5 mV
were applied until the current was bellow 1 mA g−1, equivalent to a rate of C/4200.
Diffusion coefficients were obtained using the intercept of long times (τ  1)59 and
the interfacial kinetics were considered to be much faster compared with diffusion40,60.
The stresses in the thin film was measured by the in-situ Multi-beam Optical
Stress Sensor (MOSS) stress measurement method61–63. Thin film amorphous silicon
samples of 100 nm were deposited by e-beam evaporation system on quartz-titanium
substrates. Before depositing Si, a 200 nm thick titanium layer was deposited on
the quartz as the current collector. In addition, the titanium improves the adhesion
between amorphous silicon and the substrate. The custom-made cells were subjected
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to galvanostatic cycles (constant currents) against lithium metal between 1.5 V and
0.05 V with a rate of C/10. The back surface of the quartz wafer was visible through
a quartz window on top of the sealed cell, which allowed the laser of the MOSS
system to go through to monitor the bending of thin film electrodes. By monitoring
the bending with MOSS, the curvature of substrate was obtained. Within the stress
level, the quartz substrate deformed elastically. The bi-axil stress in the film was
calculated from the curvature κ by Stoney equation64
σf =
Esh
2
sκ
6hf (1− νs) , (3.3)
where Es is the Young’s modulus of substrate, hs the substrate thickness, hf is the
film thickness, and vs is the Poisson’s ratio of substrate.
3.4 Results and discussion
The partial radial distribution function (RDF), namely the second order correlation
function g(r), describing the probability to find an atom in a shell at the distance r
from a reference atom, provides a measure of how atoms are arranged in a material.
In amorphous materials, it characterizes the short range order and allows structural
comparisons among different systems. Partial RDFs were calculated by invoking the
effective isotropy of amorphous structures as
gβ−α(r) =
1
〈ρ〉
dnα(r, r + dr)
dv(r + dr)
' 1〈ρ〉
dnα(r, r + dr)
4pir2dr
, (3.4)
where 〈ρ〉 is the averaged particle density, dnα(r, r+ dr) is the number of particles of
type α in the shell (r, r + dr) at distance r of a reference atom β, dv(r + dr) is the
volume of the shell. Figure 3.3 shows the calculated partial RDFs, gLi−Li(r), gLi−Si(r)
and gSi−Si(r) for stress-free LiSi at 1200 K. All partial RDFs were averaged over 5000
time steps in the MD trajectory. Figure 3.3 shows that Si is the nearest neighbor to
both Li and Si. The Si-Si neighbor distance is 2.4 Å and it is slightly larger than the
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Table 3.2: Comparison of bulk modulus of amorphous LiSi at room temperature
with literature
AIMD (this study) Nanoindentation70 MD6
Bulk modulus (GPa) 35 37* 36
*:The bulk modulus is estimated from the Young’s modulus by assuming Poisson’s
ratio (ν) is 0.3: K = E
3(1−2ν) , where K is the bulk modulus and E is the Young’s
modulus.
value of 2.3 Å in the crystalline Si65. The nearest neighbors of Li are Si (around 2.6 Å)
and the first peak of Li-Li pair is located at r = 2.7 Å. That Si is nearest to both Li
and Si is because Li atoms repel each other, and Si-Si covalent bonds are still strong in
amorphous Li-Si systems (Figure 3.2). Grid-based Bader Charge analysis66–68 shows
that the electronic state of Si varies from [Ne]3s23p2 in crystalline Si to [Ne]3s23p3
in the amorphous LiSi (a-LiSi), and Li atoms are positively charged. This factor
explains the slight increment in the length of Si-Si bonds6 and the preference by Li
atoms to have Si as their nearest neighbors. Comparing with previous simulation
data6, the first and second peaks in all of our g(r) agree with those in the latest
time step (15 ps). Furthermore, the second gSi−Si(r) peak in our simulation is at
4.1 to 4.3 Å and it is supported by the experimental partial RDF data in the second
cycle69. In addition, the extrapolated bulk modulus of our simulated LiSi amorphous
structure is consistent with previous experimental and computational results (Table
3.2). Thus, our simulated structure is consistent with previous computational and
experimental studies. In addition, comparing partial RDFs at 900 and 1200 K shows
that the locations of the first peaks in the partial RDFs each shift to lower r values
with the lower temperature but only by 1%. The order of the nearest neighbor peaks
remains the same (from small to large separation: Si-Si, Si-Li, Li-Li).
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(a)
(b)
Figure 3.2: Snapshot of atomic structures at 900 K in MD simulations ((a): 2 GPa
tensile stress was applied; (b): -2 GPa compressive stress was applied). Pink atoms:
Li; yellow atoms: Si.
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Figure 3.3: The Partial Radial Distribution Function of Si-Si, Li-Si, and Li-Li pairs
in a-LiSi at 1200 K.
The diffusion coefficient can be estimated from the Mean Squared Displacement
(MSD) of each atom type during a finte temperature MD71
〈[∆R(t)]2〉 = 1
N
N∑
i=1
|−→Ri(t)−−→Ri(0)|2, (3.5)
where 〈∆R(t)2〉 is the MSD and −→Ri(t) are the atomic positions. The diffusion coeffi-
cients are then calculated using the Stokes-Einstein Relationship6,71
DLi = lim
t→∞
〈[∆RLi(t)]2〉
6t
. (3.6)
In this study, the diffusion coefficients of Li at room temperature in a-LiSi with
different stress states were extrapolated from AIMD calculations at elevated temper-
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Table 3.3: Effective diffusion barrier ∆G (eV) of Li in amorphous LiSi under different
stress states.
2 GPa 1 GPa 0 GPa -1 GPa -2 GPa
∆G (eV) 0.32 0.35 0.37 0.37 0.32
atures (Figure 3.4) according to the Arrhenius Law
DLi(T ) = D0exp(
−∆G
kBT
), (3.7)
where ∆G is the effective diffusion barrier (values of ∆G are listed in Table 3.3), kB
is Boltzmann constant and T is temperature. The extrapolated diffusion coefficients
at 300 K (Figure 3.5(a)) shows that increasing the tensile stress leads to faster Li
diffusion in a-LiSi. Compression, on the other hand, results in a relatively small
change in diffusivity. At 300 K, the diffusion rate increases at -2 GPa compared with
that at -1 GPa (compressive stress). In latter discussions, we will show that this
phenomenon can be attributed to a local structural change that destablizes the Li in
the cage formed by surrounding Li and Si atoms.
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Figure 3.4: The extrapolation of diffusion coefficients at 300 K from high temperature
simulations.
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Figure 3.5: (a) The relative diffusion coefficients (DLi/DLi(σ = 0GPa)) as a function
of stress at 300 K. (b) The relative diffusion coefficients (DLi/DLi(σ = 0GPa)) as
a function of stress at 900 K. Insert: The MSD of Li in a-LiSi at 900 K, the lowest
temperature in our simulation, with different hydrostatic (positive value means tensile
stress and negative value means compressive stress) stress states.
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Figure 3.6: (a) Diffusion coefficients during lithiation and delithiation at different
Li concentrations; (b) nominal stress calculated by Stony equation vs. x in LixSi
under charge/discharge rate of C/10. (c) cell voltage vs. x in LixSi during stress
measurement.
25
Experiments have shown that the stress during lithiation and delithiation of Si is
several GPas47,48. Therefore, based on the above simulation results, the diffusion co-
efficients during lithiation and delithiation are expected to be similar, with diffusivity
during delithiation (under tension) trending somewhat higher than that during lithi-
ation (under compression). This expectation was verified using the the Potentiostatic
Intermittent Titration Technique (PITT) measurements, which measured diffusivity
at a constant Li concentration. To minimize other effects on Li diffusion, a thin film
structure is selected in the PITT measurements. Thin film structure is chosen for
this study, because 1) it takes shorter time to reach uniform composition; 2) crack-
ing can be minimized72; 3) the complications from binders and conducting additives
are avoided. Figure 3.6(a) compares the diffusion coefficients at the same state-of-
charge in lithiation and delithiation. The results of in-situ stress measurements in
the Si electrode accompanied by the potential profile is shown in Figure 3.6(b)-(c).
The experimental results indicate that within the composition range investigated in
this work, i.e., x between 0 and 2.7 in LixSi, the diffusion coefficients are within the
same order of magnitude. The diffusion coefficients for Li under compression stress
is slightly lower than those under tensile stress with the stress difference around 3
GPa. Thus, the variation of calculated diffusivity values at different stress states
agree quantitatively with experimental results.
To better understand the effect of stress on diffusivity in a-LiSi, we examine the
detailed structural changes induced by stress. We did this study from the atomic
trajectories simulated at 900 K for the reasons that: 1) 900 K is below the melting
temperature according to the Li-Si phase diagram57; 2) The trend of diffusion coeffi-
cients in response to the applied stress is the same as that at 300 K (Figure 3.5(b)).
To study the structural change, we first considered stress-induced changes in the par-
tial RDFs. If there were no changes in the short-range atomic ordering, we would
expect the first peak of partial RDFs for each atomic pair to shift uniformly with a0.
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However, in LiSi the first peaks of Li-Li, Si-Li, and Si-Si RDFs shift asymmetrically
in response to stress. Figure 3.7(a) shows the volumetric changes as a function of
stress. By invoking the effective isotropy of amorphous materials under hydrostatic
stress, the change in one dimension would be +2% under +2 GPa tensile stress and
-1.6% under -2 GPa compressive stress compared with the stress free state. Figure
3.7(b) to 3.7(d) show the partial RDFs under different stress states. The covalent
Si-Si bond is found to be the most rigid bond, with the location of the first Si-Si
neighbor peak insensitive to stress (Figure 3.8). However, the Li-Li first neighbor
peak shifts ±3% under respective ±2 GPa stress. In addition, the Si-Li first neighbor
peaks shift ±1.5% under ±2 GPa stress, respectively. These different stress-induced
changes in nearest neighbor spacings represent a change in the local environment,
thus influencing the diffusion rates by altering the effective activation barrier. The
different strength of pair interactions in a-LiSi (from strong to weak: Si-Si, Si-Li,
and Li-Li) is the reason causing the change of the local environment with stress. In
addition, we note that this observation provides an atomic level understanding of the
elastic softening of LiSi relative to Si58,73–75.
The coordination number (CN), describing the number of atoms located within a
cut-off length (usually defined as a bond length) in amorphous materials, provides a
quantitative measure of the change in a local atomic environment. Previous studies in
other materials systems have shown that the CN can vary strongly due to an applied
stress, causing, in some cases, changes in diffusivity50,51,76. To calculate CNs, a phys-
ically meaningful cut-off length must be defined for each atomic pair. To account for
fluctuations in the amorphous LiSi system compared with crystalline LiSi, we choose
cut-off lengths corresponding to 110% of the equivalent bond length in crystalline
LiSi77: 2.65 Å for Si-Si, 3.0 Å for Li-Li, and 3.05 Å for Si-Li. The values of cut-off
length are comparable with previous calculations in a-LiSi system78. The average CN
for Si-Si (Figure 3.9(a)) is ∼2.5 and varies between 4.5 and 5.2 for Si-Li in agreement
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Figure 3.7: (a) The volume of the simulation boxes under hydrostatic stress at 900
K. (b)-(d) The change of the first peak in partial RDFs under different hydrostatic
pressure states at 900 K.
with a previous study78 on biaxially stressed amorphous LiSi. However, we note that
changes in CNs as a function of hydrostatic stress are nonuniform for different atomic
pairs (Figure 3.9(b)). The most significant change is in the Li-Li pair, where the CN
increases by 1.0 as the stress changes from -2 GPa to 2 GPa. In addition, from the
MD trajectories, the diffusion process of Li at low temperatures can be described as
discrete movements: vibrating in a cage formed by its surrounding atoms then, after
a while, it jumps from one cage to another (cage depicts the structure formed by sur-
rounding Li and Si atoms, within which the target diffusive Li vibrates). As a result,
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(a)
(b)
Figure 3.8: (a) Orbital projected density of states around Si atoms in amorphous LiSi
under different stresses. (b) Orbital projected density of states around Li atoms in
amorphous LiSi under different stresses. (0 eV in the plot corresponds to the Fermi
energy of the system.)
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Figure 3.9: (a) The coordination number as a function of stress at 900 K; (b) ∆CN
with reference of CN at stress free state.
Li atoms are adjacent to significantly more Li atoms under compression. Since Li is
positively charged in LiSi, this local structural change represents an destabilization
of Li within cages which can facilitate the diffusion of Li.
Considering the change of diffusivity under tension, we note that the pressure
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dependence of diffusion can be characterized by an “activation volume” ∆V 49,51,
∆V =
[
− 1
RT
∂ln(D/D0)
∂P
]
T
, (3.8)
where P is pressure (compressive stress is positive). For equilibrium systems, ∆V
consists of two components51: ∆Vd, the volumetric change due to the formation of
a defect and ∆Vm, the variation of volume when the diffusing atom moves from a
normal site to a saddle point,
∆V = ∆Vd + ∆Vm. (3.9)
From this perspective, stress influences diffusion by two related mechanisms. First,
the tensile stress can increase diffusivity by increasing the available volume for defect
formation, ∆Vd 49,79. Second, for negative values of ∆Vm, a compressive stress can
increase diffusion. A negative ∆Vm has been recognized in other Si or Ge containing
systems50,51,76. Our results suggest that the activation volume for Li migration in
LiSi is negative. As a result, tensile stress can increase diffusivity on the condition
that |∆Vd| > |∆Vm|, and compression can increase diffusivity on the condition that
|∆Vm| > |∆Vd|. The possible reason for ∆Vm < 0 is the open covalent network
structure in the system51. According to partial RDFs (Figure 3.7(c)), the nearest
neighbors of Li are Si atoms under all stress states in the LiSi system. As a result,
Li diffusion at low temperature in LiSi requires Li jumping through cages formed by
the surrounding Si atoms. Since the rigid nature of the Si-Si bond, Li diffusion must
be accompanied by Si-Si bond angle distortion to allow diffusive motion. This bond
angle fluctuation can cause ∆Vm < 0 as found in a previous study51.
3.5 Conclusions
We combined computational and experimental methods to study stress effects on Li
diffusion in Si electrodes. Based on atomic scale AIMD simulations, we found that
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the Li diffusion coefficient is not a monotonic function of stress ranging from tensile
to compression. This occurs because the local atomic structure around Li changes
under stress, causing changes in bonding between the diffusing Li and its neighboring
atoms. Thus, the diffusion barrier can decrease with increasing compressive stress.
As a result of the competition of free volume and local environment, the diffusion
coefficients are expected to vary by one order of magnitude during lithiation and
delithiation. This provides useful information for further optimizing the design of Si
based nanostructure in order to control the Li diffusion and its induced stress/strain.
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Chapter 4 Electrical conduction in solid electrolyte coatings on electrodes
4.1 Summary
Understanding the ionic conduction in solid electrolytes in contact with electrodes
is vitally important to many applications, such as lithium ion batteries. The prob-
lem is complex because both the internal properties of the materials (e.g., electronic
structure) and the characteristics of the externally contacting phases (e.g., voltage
of the electrode) affect defect formation and transport. In this chapter, we devel-
oped a method based on Density Functional Theory to study the physics of defects
in a solid electrolyte in equilibrium with an external environment. This method was
then applied to predict the ionic conduction in lithium fluoride (LiF), in contact with
different electrodes which serve as reservoirs with adjustable Li chemical potential
(µLi) for defect formation. LiF was chosen because it is a major component in the
solid electrolyte interphase (SEI) formed on lithium ion battery electrodes. Seven-
teen possible native defects with their relevant charge states in LiF were investigated
to determine the dominant defect types on various electrodes. The diffusion barrier
of dominant defects was calculated by the Climbed Nudged Elastic Band Method.
The ionic conductivity was then obtained from the concentration and mobility of de-
fects using the Nernst-Einstein relationship. Three regions for defect formation were
identified as a function of µLi: 1) intrinsic, 2) transitional, and 3) p-type region. In
the intrinsic region (high µLi, typical for LiF on the negative electrode), the main
defects are Schottky pairs and in the p-type region (low µLi, typical for LiF on the
positive electrode) are Li ion vacancies. The ionic conductivity is calculated to be
approximately 10−31 Scm−1 when LiF is in contact with a negative electrode but it
can increase to 10−12 Scm−1 on a positive electrode. This new insight suggests that
divalent cation (e.g., Mg2+) doping is necessary to improve Li ion transport through
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the engineered LiF coating, especially for LiF on negative electrodes. Our results
provide a new understanding of the influence of the environment on defect formation
and demonstrate a linkage between defect concentration in a solid electrolyte and the
voltage of the electrode.
This chapter is reproduced from the work published as: Jie Pan, Yang-Tse Cheng,
Yue Qi, “General method to predict voltage-dependent ionic conduction in a solid elec-
trolyte coating on electrodes,” Physical Review B 91 (13), 134116 (2015). Copyright
c© American Physical Society 2015
4.2 Introduction
The origin of ionic conduction in solid electrolytes is defect formation and trans-
port in ionic materials.31,80–82 At a defined temperature, the internal equilibria of
defects depend on two aspects: 1) the atomic structure of the defects; and 2) the
electronic band structure of the material.81,83,84 However, in reality, an ionic material
of interest always operates in an environment (e.g., PbO in oxygen gas81, Li ionic
conductors coated on electrodes). In this situation, due to the formation of defects,
the compound can deviate from the exact stoichiometric composition. As a result,
the concentration of defects varies with the environment in which the ionic material
is in a thermodynamic equilibrium.81 For example, by increasing the partial oxygen
pressure PO2 (equivalently chemical potential of oxygen µO2 = µ◦O2 + RT ln
PO2
P ◦
81)
passing over PbO, the concentration of oxygen vacancies decreases while that of
the oxygen interstitials increases as depicted in the Kröger-Vink or Brouwer Dia-
gram.81,83 Therefore, the environment can be treated as a “tuner” that can change
the concentrations of defects in a material. In general, the environment is not only
limited to the gas phase, but can be liquid or solid phase, such as electrodes on which
the solid electrolyte is coated. Similarly, the concentrations of defects in the solid
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electrolyte would be electrode voltage dependent according to the Nernst equation
(V = − 1
ziF
(µCathodeM − µAnodeM ))85. The goal of this work is to develop a method to
study defect physics and thus, ionic conduction in a material in contact with an
external environment, e.g., a solid electrolyte on various electrodes for lithium ion
batteries (LIBs).
Recently, solid electrolytes attracted a lot of research emphasizes not only be-
cause of the promising future of all-solid batteries82,86–94, but also their importance
as an interfacial layer between electrodes and liquid electrolytes, known as a solid
electrolyte interphase (SEI)95,96. The performance of liquid electrolyte based LIBs
relies on forming a stable SEI on the electrode surface.95,96 In theory, an ideal SEI
is expected to be ionic conducting97–99, electrical insulating100–102 and mechanically
stable103,104. However, the characters of a natural SEI depend on many factors (e.g.,
property of electrode and electrolyte molecules) and a stable passivating layer is not
always formed. For example, silicon (Si) electrode, one of the most promising negative
electrodes with the highest theoretical capacity105, cannot maintain a stable inter-
phase104 due to its large volume expansion106–109. This leads to a continuous capacity
loss and degradation of the battery. Recently, surface coatings110–113 and electrolyte
additives114 have been proposed as two promising ways to modify SEIs. In the first
approach, surface coatings, such as Al2O3, TiO2, and AlF3, have been designed to
serve as an artificial SEI to migrate electrochemical and mechanical degradation of
the electrodes.110–113,115,116 It was believed that solid electrolyte thin film coatings,
also known as engineered artificial SEIs, were more stable than naturally formed SEIs
in maintaining passivation, preventing continuous liquid electrolyte molecule decom-
position, and protecting the electrodes from further degradation.110–113 The second
approach, by adding small amounts of electrolyte additives (e.g., Vinylene Carbon-
ate117,118, Fluoroethylene Carbonate119–125), the performance of the electrodes was
improved with a longer cycling life. The additives have been shown to change the
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inorganic components in the SEI (e.g., increased formation of lithium fluoride).119–125
The mechanisms responsible for the two promising approaches are not well under-
stood. A theoretical approach is therefore needed to understand the mechanism of
ionic and electronic conduction in SEI components.
A theoretical method to understand ionic conduction in a solid electrolyte shall
include two parts: 1) the concentration of defects in the solid electrolyte in contact
with electrodes and 2) the transport of the dominant defects (e.g., Li vacancy). The
dependence of charged defect reactions on the chemical potential of electrons (i.e.,
Fermi energy) has been observed in various material systems.126–129 More generally,
Zhang130 developed a first principles based method and demonstrated that defect
concentration is a function of the chemical potential of atomic constituents. This
formalism has been successfully applied to study multiple defect physics, e.g., defect
compensation in ZnSe131, zinc vacancies as the dominant intrinsic acceptor defects
in ZnO132, and nitrogen vacancies as the dominant intrinsic donor defects in p-type
GaN133. In 2004, Van de Walle134 published a comprehensive review article on this
method and its applications to study defect physics in III-nitrides.
However, to benefit battery design, it is necessary to link defect reactions to
an electrochemically measurable parameter, such as the open circuit voltage of the
electrode. In this work, we extended this method130–134 based on density functional
theory to calculate the ionic conductivity in a solid electrolyte on electrodes. In our
approach, electrodes are modeled as lithium (Li) reservoirs with a range of Li chemical
potential values (µLi) and µLi can be related to the voltage of electrodes. Through
this process, the Fermi energy dependent defect reactions in a solid electrolyte can be
related to the voltage of neighboring electrodes. Shi98 have taken a similar approach
to investigate Li point defects in Li2CO3 98,99 as a function of the open-circuit voltage
of electrode that Li2CO3 is coated on. In their work, Li interstitials, Li vacancies, and
Li Frenkel pairs were considered as possible point defects, since carbon and oxygen
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were covalently bonded forming the oxocarbon anion CO2−3 . In general, both cation
and anion defects need to be considered in ionic materials, e.g., lithium fluoride (LiF).
In addition, there remain other technical challenges in their method, such as the
determination of the effective density of states at a finite temperature from density
functional approximations and estimation of contribution of paired defects to ionic
conduction.
In this study, our interest focuses on ionic conduction in LiF coated on various
electrodes with rigorous considerations of the remaining technical challenges. LiF
is one of the promising engineered SEI coating materials on the electrodes (e.g.,
Si) of LIBs, since the improved performance of electrodes has been linked to the
increased concentration of LiF in the natural SEI.119–125,135 In addition, perfect LiF
crystals have a wide band gap136–138, and can thus block the electron leakage to the
electrolyte from the electrodes. In the present work, as a development of a general
approach to evaluate all possible point defects, we studied ionic conductivity of a
total of seventeen possible native defects with their relevant charge states in LiF
on the surface of different electrodes. In addition, using this newly developed first
principle based ionic defect calculation method, we demonstrate the dependence of
defect formation and, accordingly, the ionic conduction as a function of the chemical
potential of Li in the electrodes. Finally, the possibility of LiF as an engineered
artificial SEI is discussed from the perspective of ionic and electrical conduction.
4.3 Theory and methodology
4.3.1 Thermodynamics of defects
In ionic crystals, typical types of defects include interstitials, vacancies, Frenkel pairs
and Schottky pairs.31,80,81 TABLE 4.1 summarizes possible defects with various charge
states in LiF and their notations used in this study. In our model, defects are equi-
librated with external Li reservoirs (known as external defect equilibria81, in which
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deviation from the exact stoichiometric composition is allowed). As a result, the
formation energy of a defect i with charge q is defined as98,99,130–134
Ef (i, q) =[Etot(i, q)− nLiµLi − nFµF
+ q(εF + EV + ∆V )]− Ebulktot ,
(4.1)
where Etot(i, q) and Ebulktot are the calculated energies for the LiF supercell with and
without one defect i. EV (EV = 0) is the valence band top of bulk LiF. ∆V is
the electrostatic energy correction term to align the valence band maximum of the
defected cells with that in the bulk LiF.131,134 nLi (nF ) is defined as the number of
different Li (F) atoms compared with imperfect and perfect LiF supercells (e.g., for
Lii, nLi = 1 and nF = 0). µLi and µF are the chemical potential of Li and F in their
reservoirs. In our calculation, µLi is a free parameter depending on the properties
of coated electrodes; µF is approximated by assuming that LiF is the most stable
compound for F to form
µF = µLiF − µLi. (4.2)
In addition, it is necessary to determine the bounds on µLi in Equation (4.1).134 µLi
depends on the electrodes on which LiF is coated, i.e., LiF coated on the anode or
cathode. On the one hand, we consider that LiF is subjected to an upper bound
when LiF is coated on Li metal: µmaxLi = µMetalLi ≈ −2.02 eV. If we push µLi higher,
Li metal would be deposited with F− ion dissolved in electrolyte. On the other
hand, the lower bound is considered when LiF is coated on the cathode: µminLi =
µLiF −µF2(gas)F ≈ −9.71 eV. Under this extreme condition, F2 gas would be generated
with Li+ dissolved in the electrolyte. However, for battery applications, the typical
µLi is higher than this limit (i.e., µLi ≈ −6.6 eV corresponding to about 4.6 volts
against Li metal)139. As a result, we use µLi ≈ −6.6 eV as µminLi in our study.
The Fermi energy (εF ), which is an unknown parameter, is referenced to the
valence band top in Equation (4.1). In perfect LiF, the Fermi level lies in the middle
of the band gap; however, defects can create additional states in the band gap and
38
vary the Fermi level. In our calculation, εF is determined by imposing the charge
neutrality98,99,130 by balancing free electrons(n	), free holes(n⊕), and charged defects
∑
i
qiS(i, q) = n	 − n⊕, (4.3)
where S(i, q) and qi are the concentration and the associated charge of defect species,
i, respectively. For pairs (e.g., Frenkel and Schottky pairs), there are energy penalties
to separate the nearest-neighbor pairs (e.g., for SP, the pair with 2.52 Å farther away
in distance has ∼0.4 eV higher in formation energy). Therefore, only the nearest-
neighbor Frenkel (Schottky) Pairs were included in charge balancing. At thermody-
namic equilibrium, the concentration of defect i with formation energy Ef (i, q) at a
finite temperature T is
S(i, q) = Ns(i)e
−Ef (i,q)/kBT , (4.4)
where Ns(i) is the number of sites where defect i can be generated per unit volume.
n	 (n⊕) are the concentration of electrons (holes) in the conduction (valence) band.
At a given temperature, they are defined as
n	 =
∫ ∞
EC
dε f(ε)D(ε), (4.5a)
n⊕ =
∫ EV
−∞
dε (1− f(ε))D(ε), (4.5b)
where EC (EV ) is the bottom (top) of the conduction (valence) band, f(ε) = 1/(1 +
exp( ε−εF
kBT
)) is the Fermi-Dirac distribution, and D(ε) is the calculated electronic den-
sity of states. Since, for LiF, ε− εF  kBT (T is 300 K in our calculation), Equation
(4.5) can be approximated by
n	 = NCe−(EC−εF )/kBT , (4.6a)
n⊕ = NV e−(εF−EV )/kBT , (4.6b)
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where NC(NV ) is the effective density of states in the conduction (valence) band
NC =
∫ ∞
EC
dε e−(ε−EC)/kBTD(ε), (4.7a)
NV =
∫ EV
−∞
dε e(ε−EV )/kBTD(ε). (4.7b)
For materials with wide band gaps (e.g., alkali halides), only the energy levels near
the bottom (top) of the conduction (valence) band can be occupied (unoccupied).
Therefore, we approximate NC (NV ) as
NC ≈
∫ EC+∆
EC
dεD(ε), (4.8a)
NV ≈
∫ EV
EV −∆
dεD(ε), (4.8b)
where ∆ is a small energy interval above the conduction band (below the valence
band for NV ).
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Table 4.1: Summary of Defects Types in LiF
Notation Kröger-Vink Defect Types(i) Notation81,83,84
Lii Li
×
i Li neutral interstitial
Li+i Li
•
i Li positively charged interstitial
Fi F
×
i F neutral interstitial
F−i F
′
i Li negatively charged interstitial
VLi V
×
Li Li neutral vacancy
V −Li V
′
Li Li negatively charged vacancy
VF V
×
F F neutral vacancy
V +F V
•
F F positively charged vacancy
FPLi
a Li•i + V
′
Li Li Neutral Frenkel Pair
FP+Li
a Li•i + V
×
Li Li positively charged Frenkel Pair
FP−Li
a Li×i + V
′
Li Li negatively charged Frenkel Pair
FPF
a F ′i + V
•
F F Neutral Frenkel Pair
FP+F
a F×i + V
•
F F positively charged Frenkel Pair
FP−F
a F ′i + V
×
F F negatively charged Frenkel Pair
SP a V ′Li + V
•
F Neutral Schottky Pair
SP+ a V ×Li + V
•
F Positively charged Schottky Pair
SP− a V ′Li + V
×
F Negatively charged Schottky Pair
a: The formation energies of paired defects (Frenkel pair and Schottky pair) are
dependent on their distances of separation. For each type of pairs, the formation en-
ergies of the nearest, second nearest, and third nearest neighbor pairs were calculated
and the one with the lowest formation energy was included in Equation (4.3). In
addition, another scenario is the dilute pair (non-interacting) when two dilute point
defects (e.g., V −Li , V
+
F ) have the same formation energy.
4.3.2 Defect diffusion and ionic conduction
The ionic conductivity in ionic materials depends on both the formation and the
diffusion of defects.81 The flux density of a defect (i, q) under a concentration gradient
and a potential gradient can be described as the sum of Fick’s and Ohm’s law81
j(i, q) = −S(i, q)D(i, q)
RT
(∇lnS(i, q) + qF∇φ), (4.9)
where D(i, q) is the diffusion coefficient of the defect (i, q), F is the Faraday constant,
and φ is the electric potential. D(i, q) can be calculated by Arrhenius equation at a
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finite temperature T 140
D(i, q) = gfν∗(∆x)2exp(−Em(i, q)/kBT )
≈ 1
2
ν∗(∆x)2exp(−Em(i, q)/kBT ),
(4.10)
where ν∗ is the typical phonon frequency (e.g., ν∗ ≈ 1013 Hz along [11¯0] direc-
tion141), ∆x is the net travel distance in each hop, g is the geometric factor, f (f =
1+
∑z
j=1 Qjcosθj
1−∑zj=1 Qjcosθj 142, where Qj is the jumping possibility along angle θj) is the correlation
factor, and Em(i, q) is diffusion barrier of the defect (i, q). For 1-D diffusion approxi-
mation (i.e., V −Li diffuses along [11¯0] direction),
∑z
j=1 Qjcosθj =
1
2
[cos(0)+cos(pi)] = 0
and g = 1
2
.
By assuming that the concentration of defects is spatially uniform, the flux density
depends only on the applied potential gradient
j(i, q) = −qF S(i, q)D(i, q)
RT
∇φ. (4.11)
Multiplying qF to both sides of Equation (4.11), the flux density j(i, q) is converted
to the current density
i(i, q) = −q2F 2S(i, q)D(i, q)
RT
∇φ. (4.12)
From Equation (4.12), we can calculate the contribution of defect (i, q) to ionic con-
duction by
σ(i, q) = − i(i, q)∇φ = q
2F 2
S(i, q)D(i, q)
RT
, (4.13)
and the total ionic conduction is the sum of the contributions from main defects in
the system
σ =
∑
i
σ(i, q). (4.14)
4.3.3 Computational details
In this study, the energies and electronic density of states were calculated by Den-
sity Functional Theory (DFT) with plane wave basis sets in the Vienna ab initio
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Simulation Package (VASP).54,55 The exchange-correlation functional was approxi-
mated by generalized gradient approximation (GGA) in the Perdew-Burke-Ernzerhof
(PBE) flavor.143 Projector-augmented-wave (PAW) potentials were used to mimic the
ionic potentials.144 The crystal LiF has sodium chloride face-centered cubic structure
(space group: Fm3¯m, No. 22580,145) and the structure was optimized with the total
energy converged to 10−5 eV/supercell. A 3 × 3 × 3 supercell was used in the opti-
mization with a cut-off energy of 480 eV for the plane wave basis sets, a 3 × 3 × 3
Monkhorst-Pack k-point mesh, and Fermi-smearing with 0.05 eV width. The lattice
constant of LiF after the optimization is 4.07 Å and the error is within 1.3% compared
with experimental results.146
The ground state energy Etot(i, q) of defect i with charge q and Ebulktot of the
perfect LiF cell were calculated in the VASP-optimized 3× 3× 3 LiF supercell which
is large enough to satisfy the dilute defect condition. To account for interactions
from image defects or charges, we studied the scaling behavior of ∆E = Etot(i, q) −
Ebulktot of three representative cases: Lii (zero charge), V
−
Li (one negative charge),
and V +F (one positive charge). The local structure of the same point defect of 3 ×
3 × 3 LiF supercell was identical to that in 4 × 4 × 4 supercell calculation and the
difference in ∆E was less than 2%. The charged defects were modeled by adding
(for negatively charged defects) or subtracting (for positively charged defects) one
background electron to/from the total valence electrons in the supercell. In this
study, the electrostatic energy correction (∆V ≈ 0.03 eV) was obtained from the
average electrostatic energy difference between the defected cell (e.g., V −Li) and the
perfect cell131,147,148. (We noted that there are other methods to estimate ∆V , e.g., by
inspecting the electrostatic potential far away from the charged defect134. The values
of ∆V obtained from different methods are within the same orders of magnitude (10−2
eV) and the choice of ∆V does not change the magnitude of defect concentrations.
In addition, a similar magnitude of ∆V has been observed in the literature147 for
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other ionic materials.) A neutralization Jellium background charge was assumed by
VASP to improve the energy convergence with respect to the supercell size.149–151 The
diffusion barriers Em(i, q) of dominant defects were calculated by Climbed Nudged
Elastic Band Method (CI-NEB)152,153 implemented within VASP.
4.4 Results and discussion
4.4.1 Formation of defects in LiF
The formation of defects depends on the properties of the specific material (e.g.,
band structure), the defects (e.g., defect structure and charge states), and the reser-
voir (e.g., µLi). Figure 4.2 shows the formation energy (Ef ) of several defects with
low formation energies as a function of chemical potential µLi of the Li reservoir.
Three constraints are important to be considered in the defect formation in nearly
stoichiometric compounds: 1) charge neutrality, which is imposed by Equation (4.3),
2) mass conservation, and 3) fixed proportion of cation (Li+) and anion (F−) lattice
sites, regardless of their occupancy.84 In our calculations, the charge neutrality is
assumed to be satisfied by bounded charge on defects, free electrons, and free holes.
At a high µLi, V −Li and V
+
F are formed with similar formation energies. Since V
−
Li and
V +F carry the same amount but opposite charges, the charge neutrality is satisfied
by defects in this µLi range. The coexistence of V −Li and V
+
F can be viewed as the
creation of a dilute SP (the black arrow in Figure 4.2). The magenta line (marked
as SP[Dilute]) denotes the formation energy of a dilute SP when µLi > −5.5 eV. In
addition, in this µLi region, it can be noticed that the nearest-neighbor SP (green
solid line in Figure 4.2) has a lower formation energy than the dilute SP. However,
when µLi is decreased, especially below -5.5 eV, the formation energy of V +F is further
increased and V −Li formation energy decreased. In this µLi range, the concentrations
of V −Li and V
+
F diverge significantly. In order to maintain the charge neutrality, holes
are created. In this region, the Fermi level is very close to the top of the valence
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band (Figure 4.1). As a result, holes can be generated by exciting electrons from the
valence band to the defect levels84,130,131,133induced by Li vacancies near the Fermi en-
ergy. In addition, the mass is conserved between LiF and Li/F reservoirs (constraint
2) and the proportion of sites in the calculation system is fixed (constraint 3).
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Figure 4.1: Fermi energy of LiF as a function of the chemical potential µLi in the
reservoir.
In summary, there are two defect formation reactions in LiF depending on µLi of
the Li reservoir:
1. LiF on high µLi reservoirs (e.g., Li metal), the main reaction is
LinFn − LiR − FR
∆Gi(δr)
Lin−1Fn−1 + V−Li + V
+
F (4.15)
where LinFn is the perfect LiF crystal, LiR/FR refers to the Li(F) in the reser-
voir, and this reaction has a increasing activation energy ∆Gi(δr) = Ef (V −Li) +
Ef (V
+
F ) with increasing the separation (δr) of two vacancies;
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2. LiF on low µLi reservoirs (e.g., LiCoO2), the main reaction is
LinFn − LiR
∆Gp
Lin−1Fn + V−Li +⊕ (4.16)
where ⊕ is a hole. This reaction has an activation energy ∆Gp = Ef (V −Li).
According to reactions (4.15) and (4.16), we define three defect formation regions
depending on µLi of the reservoir (Figure 4.3) and the dominant defect concentration
as a function of µLi of the reservoir is calculated for each region.
• Intrinsic Region: in this region, the hole concentration is at least 7-8 orders of
magnitude lower than that of Schottky pairs. As a result, the defect formation
can be approximated by the reaction (4.15) and the defect concentration can be
estimated by S(V −Li) = S(V
+
F ) = Nsexp(−∆Gi(δr)/kBT), where, as discussed,
∆Gi(δr) depends on the distance of the pair items V −Li and V
+
F . In Figure
4.3, the left-triangle line (nearest-neighbor SP with the lowest ∆Gi) and right-
triangle line (dilute SP with the highest ∆Gi) correspond to the two limits of
the concentration of SP in this region, respectively. As a result, the majority
ionic carriers in the intrinsic region are SPs (V −Li and V
+
F pairs).
• p-type Region: the defect formation is dominated by reaction (4.16), forming
mainly V −Li and the bounded charge is balanced by holes. The corresponding
concentration of V −Li is calculated by S(V
−
Li) = Nsexp(−∆Gp/kBT). As a result,
the majority ionic carrier in this region is free V −Li .
• Transitional Region: defects are formed by both reactions (4.15) and (4.16).
In this region, the concentrations of V +F and V
−
Li start to diverge and the dom-
inant defect type changes from SP(Intrinsic Region) to V −Li (p-type Region).
The excess charge on V −Li which is not balanced by V
+
F is balanced by holes. In
order to calculate the defects concentration in this region, we use the charge
balance concept by defining a portion p of V −Li whose charge is balanced by
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V +F . By this definition, 1 − p corresponds to the portion of V −Li , in which the
localized negative charge was balanced by holes. The starting point of this re-
gion is chosen from the point of µLi that the concentration of holes is about 10
orders of magnitude less than that of dilute SP. This type of V −Li is depicted as
up-triangle line in the transition region depicted in Figure 4.3. Therefore, p can
be determined by
1− p
p
=
n⊕
SSP
. (4.17)
4.4.2 Consideration of computational errors and comparison with exper-
iments
Density Functional Theory with generalized gradient approximation (DFT-GGA) is
known to have its own deficiencies which may lead to errors in the density of states
in the conduction band and the value of band gap (Eg = EC − EV )154. In our
calculations, several possible influences of the error were considered: 1) the value of
NC , 2) the value of εF , and 3) the underestimation of Ef (i, q) of defects with the
defects induced electronic states occupied (e.g., V −Li , Lii, VF )
155. To minimize the
influence of these errors, we did the following corrections and considerations: 1) NC
was corrected by the ratio of the effective mass of electrons (m∗	)145 and holes (m∗⊕)156
in LiF with the relationship NC/NV = (m∗	/m∗⊕)3/2 31,80, 2) we tested the sensitivity
of εF to the value of Eg by using the experimental value Eexpg 136–138 and found that
they were not sensitive to EDFT−GGAg and Eexpg (EDFT−GGAg < Eexpg ) in LiF. It is
because that EDFT−GGAg are high enough to prevent free electrons in the conduction
band (Equation (4.3) and (4.6a)) in LiF, and 3) V −Li is formed by removing a Li
+ ion
from a Li lattice site and the six-fold coordinated F− remain as F− ions. However,
for VLi, one of the nearest neighbor F− ions becomes a neutral F atom. Because
the excess electron in the V −Li system stays at the F-2p orbital (near valence band
maximum), DFT-GGA can predict a reliable value of the formation energy of V −Li .
155
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In addition, for defects that can have their defect induced electronic states near the
conduction band minimum (e.g., Lii, VF ), their S(i, q) are very low. We think that
the errors that DFT-GGA can overestimate S(i, q) would be insignificant. Therefore,
we expected the influence of the errors in determining main defect types would be
negligible.
Our results are consistent with experimental values.157–159 The intrinsic defect
formation energy (Reaction listed in (4.15)) was extrapolated from ionic conduction
measurement of divalent ion (e.g., Mg2+) doped LiF at elevated temperatures. A
formation energy ∆Gexp was defined according to the mass action law81,160
SV −Li
SV +F
= S2SP =Ns(V
−
Li)Ns(V
+
F )e
−∆Gexp/kBT
=Ns(V
−
Li)Ns(V
+
F )e
−2∆Gi/kBT .
(4.18)
According to the definition of ∆Gexp, our results predict the theoretical two limits
for ∆Gexp: 2.24 eV (nearest-neighbor SP) and 2.94 eV (dilute SP). The experimental
value of ∆Gexp are ∼ 2.68 eV157–159with an individual V −Li formation energy ∆GV −Li ∼
0.73 eV161.
4.4.3 Diffusion barriers of dominant defects
4.4.3.1 Diffusion of dilute vacancies in LiF
We studied the diffusion barriers of the main defects in LiF (V −Li and V
+
F ) through
CI-NEB calculations152,153. Since V −Li and V
+
F sites maintain the same symmetry, we
constructed two diffusion pathways for each: through face-center (FC, along [11¯0]
direction) and through body-center (BC, along [11¯1¯] direction). For V −Li , after relax-
ation, the saddle point of the constructed BC path relaxed to a point between FC and
BC (shown in Figure 4.4 inserted: Path 2). The diffusion barrier for V −Li is slightly
smaller for path 2 (∼ 0.57 eV) than that for path 1 (FC path, ∼ 0.60 eV), although
path 2 has a larger travel distance than path 1. However, for V +F , two constructed
pathways relaxed to the same saddle point (FC path) with a 0.69 eV diffusion barrier.
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Figure 4.2: Formation energy (Ef ) of several defects from TABLE 4.1 with low
formation energies as a function of Li chemical potential µLi. The formation energy
of each defect was obtained for the self-consistent (zero-charge) Fermi energy at each
value of µLi.
The higher diffusion barrier for V +F can be attributed to that F
− has a larger ionic
radii compared with Li+.
4.4.3.2 Diffusion of nearest-neighbor schottky pair
It is important to discuss the motion of neutral nearest-neighbor SP and its contribu-
tion to the ionic conductivity, since it has higher concentration compared with dilute
SP in the intrinsic region. We considered two mechanisms for nearest-neighbor SP
to diffuse in the LiF: 1) Nearest-neighbor SP diffuses together to its nearest available
site and 2) Nearest-neighbor SP separates to V −Li and V
+
F and then diffuse. In ionic
conductivity measurement160, the first mechanism is not counted since the nearest-
neighbor SP does not carry any charge (Equation (4.13)).
As a result, the second mechanism is considered in our ionic conductivity calcu-
lations. The disassociation energy barrier (∆Gd, shown in Figure 4.5) is estimated
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Figure 4.3: Three regions of defect formation (Kröger-Vink Diagram) in LiF as a
function of µLi of the reservoir. V −Li (orange up-triangle) denotes the portion of V
−
Li
whose charge is balanced by holes formation.
based on two assumptions: 1) V −Li is more mobile than V
+
F (section 4.4.3.1) and 2)
Nearest-neighbor SP dissociates when V −Li diffuses to its next nearest neighbor (shown
in inserted figure of Figure 4.5). This disassociation energy (≈ 0.6 eV) is added to es-
timate the contribution of nearest-neighbor SP to ionic conduction. The contribution
of NNSP to the total ionic conductivity is about 5 orders of magnitude lower than
that from dilute SP at room temperature. Although the second nearest-neighbor SP
is not well separated (about 0.1 eV lower in energy than dilute SP), we would expect
the contribution of NNSP very small.
4.4.4 Ionic conduction in LiF
The ionic conductivity is calculated according to the main defects in each region
defined in Section 4.4.1:
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Figure 4.4: Diffusion barriers of V −Li through paths 1, 2 and V
+
F through the face-
centered center path. Insert: Schematic figure shows diffusion pathways for V −Li and
V +F .
• Intrinsic Region:
σ = σSPd + σSPn
≈ q
2F 2
RT
[SSPd + SSPnexp(
−∆Gd
kBT
)](DV −Li
+DV +F
),
(4.19)
where ∆Gd is the disassociation energy calculated in section 4.4.3.2, SSPd and
SSPn are the concentration of dilute and nearest-neighbor SP. Since V
+
F has
∼0.12 eV higher in migration barrier compared with V −Li , its contribution is
insignificant to the total ionic conduction.
• Transitional Region:
σ = σV −Li
+ σSPd + σSPn ≈ σV −Li + σSPd
≈ q
2F 2
RT
[pSV −Li
(DV −Li
+DV +F
) + (1− p)SV −LiDV −Li ],
(4.20)
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Figure 4.5: Disassociation energy of a Nearest-neighbor Schottky pair. Insert:
Schematic figure shows the calculated pathway for the Nearest-neighbor Schottky
pair disassociation.
where p is the portion of V −Li whose charge is balanced by the formation of V
+
F as
defined in Section 4.4.1. In this region, we neglect the contribution from NNSP
due to 1) its small contribution compared with dilute SP; 2) in this region, the
contribution from V −Li becomes dominant especially when approaching p-type
region.
• p-type Region:
σ = σV −Li
=
F 2q2
RT
SV −Li
DV −Li
. (4.21)
The calculated results are shown in Figure 4.6. The activation energy (Ef +Em ≈
2.03 eV) in the intrinsic region is comparable with experimental extrapolation (1.99
eV)159 to the intrinsic region at room temperature. The ionic conductivity is small
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in the intrinsic region (high µLi) and is increased dramatically when µLi is below -4.6
eV. This dramatic increase in ionic conductivity is due to the formation of V −Li which
is preferred at low µLi and it is no longer constrained by the formation of V +F to
balance the charge (Figure 4.3).
Figure 4.6: Ionic conductivity of LiF as a function of the chemical potential of Li
reservoir. Insert: schematic drawing of LiF contacting a Li reservoir (e.g., an electrode
for application of LIBs).
4.4.5 LiF as an engineered SEI for LIBs
Considering a solid electrolyte (an engineered artificial SEI) coated on electrodes for
LIBs, the Li reservoir (insert in Figure 4.6) can be viewed as an electrode on which
the LiF is coated. For different electrodes (e.g., µLi−metalLi ∼ −2.02 eV, µLiCoO2Li = −6.2
eV) or electrodes with different state of charge (e.g., LiC12, LiC6), the values of µLi
are different. In electrochemistry, the electrochemical potential of Li+ in a spatial
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point is defined as162
µ˜Li+ = µLi+ + ziFφ, (4.22)
where µ˜Li+ is the electrochemical potential, µLi+ is the chemical potential of Li+, zi
(zi = 1 for Li+) is the associated charge, and φ is the electrical potential in that
spatial point. At thermodynamic equilibrium, the electrochemical potential is the
same everywhere in a battery (i.e., µ˜CathodeLi+ = µ˜
Anode
Li+ ). Under this condition, we can
estimate the cell voltage by
V = φCathode − φAnode = −µ
Cathode
Li+ − µAnodeLi+
F
. (4.23)
By assuming µLi ≈ µLi+ + µ	 in the electrode and the same wire (e.g., copper) used
to connect the cathode and anode (µCathode	 = µCathode	 ), the voltage of the cell can
be estimated from the differences of µLi in electrodes. This is the well-know Nernst
equation in electrochemistry85. In LIBs, µLi in Li metal is typically defined as a
reference (zero volt). Therefore, we can relate µLi in the reservoir to the open-circuit
voltage of the electrodes (a half cell) by referencing to µLi in Li metal
V = −(µLi − µMetalLi )/e. (4.24)
The ionic conductivity σ in LiF highly depends on the electrode it contacts with.
For example, if LiF is coated on a negative electrode surface (e.g., graphite, sili-
con), σ is very small(≈ 10−30 Scm−1). Compared with σ in other SEI species (e.g.,
Li2CO3 98,99), σ in LiF is 18 to 20 orders of magnitude lower. However, if it is coated
on a positive electrode (e.g., LiCO2), σ is controlled by free V −Li diffusion and it is
comparable with other SEI species (e.g., Li2CO3 98,99). This result is significant since
it demonstrates that the ionic conductivity of LiF is strongly voltage-dependent.
Therefore, higher doping of divalent cation (e.g., Mg2+) is suggested to improve Li
ion conductivity of LiF coating on negative electrodes by increasing the concentration
of diffusion carrier V −Li .
54
The ionic transport contributes to the electrical conduction in ionic crystals (e.g.,
LiF).31,80 It can be expected that LiF is more electrical insulating on the negative elec-
trode than other species (e.g., Li2CO3 98,99) due to its low ionic conductivity. It was
believed that the electron leakage from the electrode is an important step in the ethy-
lene carbonate decomposition leading to SEI formation.100–102 Various groups have
reported fluoroethylene carbonate (FEC) as an electrolyte additive that can improve
the performance of Si electrode with increased LiF formation in the SEI layer.120–125
Our results provide a reason for this observation that LiF on the negative electrode
surface can better passivate the electrode surface and prevent electron leakage. As a
result, it can cause less capacity loss and longer cycling life of the electrode.
4.5 Conclusions
We developed a new method to study the defect physics in a material in equilibrium
with an external phase. This method establishes a correlation between the open-
circuit voltage and Li chemical potential in the electrodes. We applied this approach
to study defect reactions in LiF in contact with different electrode materials which
serve as Li reservoirs. We demonstrate that the defect formation in a solid electrolyte
can be affected by the open-circuit voltage of the electrode, which is a measurable and
controllable parameter. Three regions (intrinsic, transition, and p-type) were defined
to describe the main defect reactions with different electrodes. We found that the
main defect type in the intrinsic region (high µLi reservoirs) was Schottky pair and
in the p-type region (low µLi reservoirs) was Li-ion vacancy. The diffusion barrier
of main defects in each region was estimated from CI-NEB calculation and mapped
to ionic conduction based on the Nernst-Einstein formula. The ionic conductivity is
very low (10−31 Scm−1) in the intrinsic region and increases (to 10−12 Scm−1 when
µLi ≈ −6.5 eV) with increasing the voltage of the nearby electrode. Thus, the ionic
conduction in a solid electrolyte is very sensitive to the external potential of the elec-
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trode on which the electrolyte material is coated. This work extends the well known
relationship between defect concentration and chemical potential for gas phase reac-
tions to electrochemical reactions.
56
Chapter 5 Electrical conduction in multi-component solid electrolyte
interphases
5.1 Summary
Designing a solid electrolyte interphase (SEI) with high ionic conductivity and low
electronic conductivity is believed to be important for high performance and durable
Li ion batteries. Li ionic conduction in SEI affects the rate performance, while the
electron leakage through SEI causes electrolyte decomposition and, thus, causes ca-
pacity loss. To help design an artificial SEI, it is necessary to know the defect chem-
istry and transport in the multicomponent SEI present on electrodes.
In this chapter, we present a multi-scale model based on density functional theory
and space charge model to investigate the defect distribution in a multicomponent
SEI consisting of LiF and Li2CO3. We consider the effects of LiF/Li2CO3 interface
on the defect redistribution in the bulk of LiF and Li2CO3 that are both in equilib-
rium with the electrode. On negative electrodes, the dominant defect type in LiF
is Schottky pair while the major ionic carrier in Li2CO3 is Li ion interstitial whose
charge is balanced by electrons. Based on these bulk defects, we calculated the defect
redistribution near the LiF/Li2CO3 interface by considering the defect migrations
and reactions across the interface. Because the low concentration of ionic carriers in
the bulk LiF, we approximated LiF as an ionic insulator in the mixture. We found
that, in the ionic space charge region of Li2CO3 near the LiF/Li2CO3 interface, Li
ion interstitial is accumulated but the electron is depleted. This demonstrates a pos-
sibility that, by engineering a mixture of LiF and Li2CO3 in an artificial SEI, the
ionic conduction can be enhanced and the electron leakage through the SEI can be
reduced, thus enhancing the durability and performance of electrodes.
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5.2 Introduction
One of the most significant challenges for current and future lithium ion batteries is
to control the charge transfer at the electrode/electrolyte interface.163,164 This issue
is further complicated by the existence of an ultrathin interphase layer covering the
electrode.163 This interphase layer is typically formed by electrolyte decomposition
and called as the solid electrolyte interphase (SEI). However, the name of SEI does
not fully capture its multi-functional nature. Ideally it should be: (1) electronic
insulating (suppress the electrolyte reduction)101; (2) ionic conducting (enable the
fast Li ion transport)26,163,165; (3) mechanically “tough” (sustain the large strains in
electrodes during cycling)26,166; and (4) chemically stable (long shelf- and cycle-life)26.
Intensive research efforts have been devoted to designing an artificial SEI layer in
order to control the electron and ion transport at the electrode/SEI/electrolyte inter-
face. For example, inorganic coatings, e.g., oxides26, carbonates167, and fluorides168,
and electrolyte additives, e.g., Fluoroethylene Carbonate (FEC)123,169–171, have been
developed to modify the properties of SEIs to stabilize the electrode. These efforts
motivated extensive studies on correlating the structure and property of each SEI
component to the performance of the battery.123,163,170–172, It has been believed that
that there are four major inorganic components in naturally formed SEI from liquid
electrolyte decomposition and the main inorganic components include: lithium car-
bonate (Li2CO3), lithium alkylcarbonate, lithium oxide (Li2O), and lithium fluoride
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(LiF).101,123,163,172,173 Their mechanical and transport properties have been investi-
gated by simulations174,175 and their contributions in naturally formed SEI to the
cycling performance have been revealed by experiments as well119,123,170.
However, the complex mosaic and heterogeneous structural nature of naturally
formed SEI has not been fully understood. For example, the ionic conduction through
the multi-component SEI depends on various factors, such as interfacial defect chem-
istry, topological distribution of phases.176,177 In a broader view of solid ionic con-
ductors, it has been demonstrated that the bulk transport properties can be either
increased or decreased dramatically, sometimes anomalously, by introducing hetero-
geneous structures and interfaces. For example, addition of small insulating particles
into ionic conductors may, under certain conditions, enhance the ionic conductivity
due to a space-charge layer effect.178 This was firstly observed when non-Li-conducting
Al2O3 was mixed with LiI, resulting in a heterogeneous structure, where Li ion was
adsorbed into the Al2O3 interface, which increases the Li vacancy (the diffusive car-
rier) concentration in LiI by orders of magnitude.178 Utilizing this effect and reducing
the distance between the space-charge layers, multi-layer fast ionic conductors were
achieved.179 On the other hand, the ionic conductivity in structures with heteroge-
neous interfaces can decrease due to the depletion of ionic carriers near the interface,
such as Li ion conduction near the LiF/Al2O3 interface.180,181 As a result, whether SEI
components have synergetic or antagonistic effects remains an open question. We be-
lieve that addressing this question can lead to a new avenue of designing artificial SEI
design and precise control of electron and ion transport at the electrode/electrolyte
interface.
Two interesting SEI components, Li2CO3 and LiF serve as a good example to
explore this question. In this study, we chose Li2CO3 and LiF as two representative
components to show the effect heterogeneity in the SEI to the electrical conduction.
Both components form crystalline phases on the electrode and they are stable in the
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SEI comparing with other phases, such as lithium alkylcarbonate173. In addition,
we believe that Li2CO3 is a close approximation to other carbonates, such as alkyl-
carbonate, to calculate the SEI properties. Theoretically, it has been shown that
the dominant defects in a pure LiF coating on negative electrodes are Schottky pairs
(cation and anion vacancy pair).175 Due to the low defect concentration and high
transport barriers, LiF coating on negative electrodes was believed to be a good elec-
tronic insulator with poor ionic conductivity (≈ 10−31 S/cm).175 On the other hand,
the main defect in Li2CO3 in contact with negative electrodes is Li ion interstitials
with its charge balanced by free electrons.99,174 As a result, Li2CO3 can provide rela-
tively high ionic conductivity (≈ 10−8 S/cm) but containing a considerable electron
concentration on negative electrodes.99,174 Considering these drawbacks, neither one
of them alone has the desired properties as an ideal SEI. However, they may benefit
from each other as they co-exist in SEI to provide improved ionic conduction and
electronic insulation on negative electrodes.
5.3 Methodology and theory
5.3.1 Interfacial defect reactions and space charge potential
The heterostructural interface can influence the defect distribution and thus, vary the
ionic and electronic conductivity compared with those in the bulk materials.81,176,179,182
Multiple physical processes can occur when two different materials are in contact176,
e.g., the lattice mismatch, the formation of a third phase. However, to a first ap-
proximation, we consider an planar abrupt interface of which the atomic structures
maintain the same as those in the perfect crystal (Figure 5.1). As a result, the prop-
erties of materials behave as a step function around the interface, e.g., formation
energy of defects, dielectric constant.
An important physical process shall be considered near this ideal interface is the
defect reactions at the interface, i.e., electrochemical reaction176. The defect reactions
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depend on the type of dominant defects in the bulk materials. The dominant defect
in Li2CO3 on anode is Li ion interstitial (Li•i ) and the positive charge is balanced
by electrons (e′).174 In LiF, the main defect is Schottky pair, i.e., Li ion (V ′Li) and
F ion vacancies (V •F ).175 The flow of electrons across the interface is neglected, since
LiF is an electronic insulator when coated on anode.175 As a result, we consider the
following four defect reactions (as depicted in Figure 5.1, A denotes Li2CO3 and B
denotes LiF):
(R1): A lattice Li ion in LiF migrates to form a Li•i in Li2CO3:
Nil =⇒ Li•i (A) + V ′Li(B);
(R2): A lattice Li in Li2CO3 migrates to occupy a V ′Li in LiF (i.e., V ′Li migrates from
LiF to Li2CO3):
V ′Li(B) =⇒ V ′Li(A);
(R3): A lattice Li in Li2CO3 migrates to form a Li•i in LiF:
Nil =⇒ Li•i (B) + V ′Li(A);
(R4): A Li•i in Li2CO3 migrates to form a Li•i in LiF:
Li•i (A) =⇒ Li•i (B).
The chemical potential difference ∆µ after the reaction determines whether the reac-
tion is favorable at this interface. The chemical potential of a defect M with charge
z and the equilibrium bulk concentration cMz in a material can be determined by
µMz = µ
◦
Mz + kBT ln
(
cMz
Ns(M z)
)
+ kBT lnfMz , (5.1)
where µ◦Mz represents the standard chemical potential of M z in the bulk and Ns(M z)
is the density of the available sites for defectM z. fMz is the activity coefficient and is
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approximated to be zero by considering dilute defect situation. At the initial contact,
we consider a reaction is favorable when
∆µ < 0. (5.2)
From first principles calculations of bulk defect properties of LiF and Li2CO3 coated
on anode174,175, we found that only reaction (R1) is possible at LiF/Li2CO3 interface
(∆µ ≈ −0.95 eV). The energy levels of reaction (R1) is depicted in Figure 5.2(a). In
addition, the migrations of fluorine and oxocarbon ion between Li2CO3 and LiF are
neglected since these processes are energetically unfavorable.
This interfacial defect reaction allows the deviation from local electrical neutrality,
i.e., building up a space charge potential φ(x) near the interface (Figure 5.2 (b) and
(c)), and it is very important to the distribution of defects.179–181,183–186 As a result,
Li•i is accumulated near the interface in Li2CO3 with V ′Li segregation in LiF side. The
equilibrium condition of this reaction is reached176 when
∑
i
µ˜i = µ˜Li•i + µ˜V ′Li = 0, (5.3)
where µ˜i is the electrochemical potential of defect i with charge zi
µ˜i = µ
◦
i + kBT ln
(
ci
Ns(i)
)
+ zieφ(x) = µi + zieφ(x). (5.4)
The penetration of this reaction from the interface to the bulk material, which is char-
acterized as the space charge region, depends on the Debye length of the material176.
At the boundary of the space charge region, this reaction reaches its equilibrium and
the defect concentration approaches the value in the bulk. As a result, the built-up
space charge potential difference (∆φ, depicted in Figure 5.2 (c)) can be calculated
by
e∆φ = φ∞A − φ∞B = −(µLi•i (A) + µV ′Li(B)). (5.5)
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Anode
A: Li2CO3 B: LiF
Li•i
+
e′
V•F
+
V′Li
(R1)
(R2)
(R3)
(R4)
×
: Li•i ; : V′Li; : V′Li annihilated;
× : Li•i annihilated;
: Direction of Li ion migration.
Figure 5.1: Defect reactions [(R1)-(R4)] at the LiF/Li2CO3 interface on anodes.
5.3.2 Space charge model
In the space charge region (typically within≈ 2λD−3λD, λD is the Debye length81,176,184,185,
the deviation from the local charge neutrality is allowed due to the defect reactions.
The net charge density in the space charge region can be expressed as
ρ(x) =
∑
i
zici(x), (5.6)
where ci(x) is the density of the charged defect i and zi is the amount of charge
carried by a single defect i. The density of the charged defects ci(x)at a spatial point
x with electrostatic potential φ(x) can be calculated by
ci(x) = c
∞
i e
− zieφ(x)
kBT , (5.7)
where c∞i is the bulk defect density. In the bulk material, the charge neutrality is
maintained by the following relationship
ρ(x =∞) =
∑
i
zic
∞
i = 0. (5.8)
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µ˜Li•i = µLi•i (A)
−µ˜V ′Li = −µV ′Li(B)
(a) ∆φ = 0 V
µ˜Li•i −µ˜V ′Li
(b) ∆φ = −µV ′Li(A)− µLi•i (B)
A: Li2CO3 B: LiF
(c) ∆φ
∆φ
φ∞A
φ∞B
Figure 5.2: Energy levels of defect reaction Nil = Li•i (A)+V ′Li(B) before (a) and after
(b) equilibrium at the boundary of space charge region near LiF/Li2CO3 interface.
(c) ∆φ = φ∞A − φ∞B .
According to the poison’s equation, we can have
∂2φ(x)
∂x2
= −ρ(x)
εεr
= −
∑
i
zici(x)/εεr.
(5.9)
5.3.3 Interfacial defect chemistry and electrical conductivity
The defect chemistry near the interface can influence the electrical conductivity, i.e.
ionic and electronic conductivity. We consider the electrical conductivity parallel to
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φ∞B
φ∞A
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V ′Li
cLi•i
ce′
cV ′Li
Figure 5.3: Space charge model for LiF/Li2CO3 interface.
the interface. According to the Nernst-Einstein relationship, the ionic conductivity is
propotional to both the concentration and diffusivity of the defect carrier that is the
dominant defects. We assume that the ionic transport barrier of accumulated defects
in the space charge region does not change significantly with that in the bulk. The
total concentration of ionic carriers (M z) is183
S ′Mz =
1
L
∫ L
0
cMz(x)dx, (5.10)
where L is the average grain size. As a result, the change of defect concentration
compared with bulk material of the same size (L) can be expressed as
∆SMz = S
′
Mz − S∞Mz , (5.11)
where S∞Mz =
∫ L
0
c∞Mzdx = c
∞
MzL is the defect concentration in the bulk. According to
Nernst-Einstein relationship, the variation in ionic conductivity due to this interface
is
∆σ =
z2F 2DLi•i
RT
∆SMz . (5.12)
If L =∞, the increment in ionic conduction is
L∆σ = ∆Y =
z2F 2DMz
RT
∫ ∞
0
dx[cMz(x)− c∞Mz ], (5.13)
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Similarly, the total electrons near the interface can be calculated by
ne =
1
L
∫ L
0
ce(x)dx. (5.14)
As a result, the influence of the interface to the electronic conductivity can be esti-
mated
∆σe = eµe∆ne, (5.15)
where µe is the mobility of electrons and it is assumed to be the same in the space
charge region as in the bulk material, ∆ne is the amount of electron which is depleted
near the interface ∆ne = n′e − n∞e .
5.4 Results and discussion: Gouy-Chapman profile in Li2CO3
At the LiF/Li2CO3 interface, Li ions tend to migrate from LiF side (A) to Li2CO3
side (B) forming Li ion interstitials (Li•i ) in B and leaving Li ion vacancies (V ′Li)
behind in A. We consider LiF is an ionic insulator on the anode surface for the
following two reasons: 1) The concentrations of majority defects in bulk Li2CO3 and
LiF varies orders of magnitude (
cLi•
i
(A)
cV ′
Li
(B)
≈ 1012)174,175; 2)The defect concentration
dies out dramatically from the interface to the bulk LiF (cV ′Li curve in Figure 5.5).
With this consideration, our space charge model in Figure 5.3 can be simplified to
a semi-infinite model as depicted in Figure 5.4: 1) In LiF side, there accumulated a
high concentration of V ′Li that is comparable with the dominate defect concentration
in bulk Li2CO3 near the interface (≈ 1− 2 nm from the interface); 2) The potential
drop in LiF side is very small and we approximate φ(x = 0) ≈ φ∞B . Equation (5.9)
can be written as the following for the space charge region in Li2CO3
∂2φ(x)
∂x2
= − e
εεr
(c∞Li•i e
−eφ(x)
kBT − c∞e′ e
eφ(x)
kBT )
= −
ec∞Li•i
εεr
(e
−eφ(x)
kBT − e
eφ(x)
kBT ),
(5.16)
where the concentration of electron and Li ion interstitial in the bulk Li2CO3 are
equal (c∞e′ = c∞Li•i ). For simplicity, we define a concentration enhancement ζ =
cLi•
i
(x)
c∞
Li•
i
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and Equation (5.16) becomes183
∂2lnφ(ξ)
∂ξ2
=
1
2
(ζ − ζ−1), (5.17)
where ξ = x/λD and λD is the Debye length in Li2CO3 which is defined as183
λD =
√
εεrRT
2F 2c∞Li•i
. (5.18)
If we assume the interface is a planar contact and the grain size of lithium carbonate
is larger than its Debye length (λLi2CO3D ≈ 19 nm when εr = 4.9187), we can have183
ζ =
[
1 + ϑe−ξ
1− ϑe−ξ
]2
, (5.19)
where ϑ = 1−ζ
−1/2(ξ=0)
1+ζ−1/2(ξ=0) .
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Figure 5.4: Simplified semi-infinite model for space charge region in Li2CO3 near
LiF/Li2CO3 interface.
The concentration of accumulated Li ion interstitials, cLi•i (x), and electrons,ce′(x),
in Li2CO3 can be related to the potential φ(x) by solving the Poisson-Boltzmann
relationship, based on the space charge model (Equation 5.16). The calculated defect
distribution and the electrostatic potential are shown in Figure 5.5. We found that the
Li ion interstitials are accumulated in the space charge region and the electrons are
depleted (Figure 5.5). Near the interface, the concentration of ionic carriers in Li2CO3
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Figure 5.5: Defect distribution in the space charge region of Li2CO3 near the
LiF/Li2CO3 interface.
can increase by two orders of magnitude compared with that in bulk Li2CO3. As a
result, Li ionic conductivity can be promoted by introducing LiF/Li2CO3 interfaces
due to the increased amount of ionic carriers. According to the Nernst-Einstein
relationship15, the ionic conductivity is proportional to the concentration of ionic
carriers. As a result, the accumulation of Li•i near the interface in Li2CO3 would
increase the density of ionic charge carriers, promote the ionic conduction through
Li2CO3, and improve the charge transfer step through the SEI. In addition, due to
the depletion of electrons near the interface (Figure 5.5), the electron leakage through
the LiF and Li2CO3 composite coating can be reduced (Equation 5.15) by building
up the LiF/Li2CO3 interface.
5.5 Conclusions
In summary, we developed a density functional theory informed space charge model
to study the defect chemistry near LiF and Li2CO3 interface. We found that, near
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this heterogeneous interface, the ionic carriers, i.e., Li ion interstitials in Li2O3, are
accumulated while the electronic carriers, i.e., electrons in Li2CO3, are depleted. This
increment in ionic carrier concentration can facilitate the Li ion transport, especially
parallel to the heterogeneous interface, through the composite SEI and improve the
rate capability of the coated electrode. The decrease in electronic concentration can
prevent electron leakage through the SEI and avoid additional electrolyte decompo-
sition and severe capacity loss. As a result, LiF in the multicomponent SEI plays
two important roles: (1) The defect chemistry near LiF/Li2CO3 interface can make
Li2CO3 more electronic insulating by depleting electrons near the interface but more
ionic conducting by accumulating ionic carriers; (2) LiF itself is a good electronic
insulator to prevent electron leakage.
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Chapter 6 Design of nanostructured heterogeneous solid ionic coatings
for artificial solid electrolyte interphases
6.1 Summary
Understanding of the electrical conduction, i.e., ionic and electronic conduction,
through the solid electrolyte interphase (SEI) is critical to the design of durable
lithium ion batteries (LIBs) with high rate capability and long life. It is believed
that an ideal SEI should be an ionic conductor but an electronic insulator. In this
study, we present a theoretical design of an artificial SEI consisting of lithium fluoride
(LiF) and lithium carbonate (Li2CO3) on a LIB anode based on a newly developed
density functional theory (DFT) informed space charge model. We demonstrate that
the migration of lattice Li ions from LiF phase to form Li interstitials in Li2CO3 is
energetically favorable near the LiF/Li2CO3 interface. At equilibrium, this interfacial
defect reaction establishes a space charge potential across the interface which causes
the accumulation of ionic carriers but the depletion of electronic carriers near the
LiF/Li2CO3 interface. To utilize this space charge effect, we propose a computation-
ally designed nano-structured artificial SEI structure with high density of interfaces
of LiF and Li2CO3 perpendicular to the electrode. Based on this structure, the in-
fluence of grain size and volume ratio of the two phases were studied. Our results
reveal that reducing the grain size of Li2CO3 in the nano-structured composite can
promote ionic carriers and increase the ionic conductivity through the composite SEI
by orders of magnitude. At the same time, the electronic conductivity is reduced
due to electron depletion near the LiF/Li2CO3 interface. Furthermore, an optimal
volume fraction which ensures high ionic and low electronic conduction was predicted.
This chapter is reproduced from the work published as: Jie Pan, Qinglin Zhang,
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Xingcheng Xiao, Yang-Tse Cheng, Yue Qi, “Design of Nanostructured Heterogeneous
Solid Ionic Coatings through a Multiscale Defect Model,” ACS Applied Materials &
Interfaces 8(8), 5687-5693 (2016). Copyright c© American Chemical Society 2016
6.2 Introduction
A grand challenge to design lithium ion batteries (LIBs) with high energy and power
density is to mitigate the side reactions and maintain the discharge capacity after
many cycles.1,163,188,189 The capacity retention highly relies on the formation of a sta-
ble solid electrolyte interphase (SEI) which acts as a protective layer on the electrode,
e.g., graphite.95,163,190 However, the naturally formed SEIs cannot always passivate
the electrode, since the structure and composition of SEI depend on various fac-
tors, such as solvents and additives in electrolytes114,169–171,191–193, surface chemistry
of electrodes194–196 , and mechanical degradation of electrodes197. For example, the
promising anode material silicon (Si) with the highest theoretical capacity198 can
not maintain the natural SEI197 due to the large stress and strain generated in the
electrode during operation103,166,199–202. The SEI on metal oxide cathode also cannot
efficiently prevent dissolution of the redox-active metal from cathode to the liquid
electrolyte203. It is believed that these physical phenomenon caused by the lack of
a protective interphase between electrode material and electrolyte can cause severe
capacity loss which shortens the life of batteries. As a result, engineering a pro-
tective coating, also known as an artificial SEI, on electrodes is very important to
improve the capacity retention of lithium ion batteries (LIBs). In the past, inorganic
materials, such as oxides (e.g, Al2O3 26, TiO2 204), carbonates167, and fluorides(e.g.,
AlF3 168, CaF2 205), have been applied as artificial SEI coatings to improve the capacity
retention of electrodes.
Theoretically, an ideal artificial SEI shall be an ionic conductor206,207 and elec-
tronic insulator101,163,194,208, sharing the same characteristics as the requirements for
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a solid electrolyte material. A high Li ionic conductivity in the artificial SEI enables
good rate performance206,207 while the blockage of electrons leaking from the electrode
to the electrolyte prevents the decomposition of electrolyte molecules, e.g., ethylene
carbonate, which consumes Li.101,163,194,208 The electrical conduction, i.e., ionic and
electronic conduction, in most coating materials depends on the defect concentration
and transport.81,175 The defect chemistry in inorganic matters can be manipulated
through doping of ions with different valence charge209,210, varying the properties of
the environment81,175, and designing heterogeneous systems81,176,179,211.
Designing heterostructural systems (or multi-component systems) can be a promis-
ing approach to alter the defect chemistry, and as a result, effectively tune the elec-
trical conduction. Liang discovered that, by mixing alumina (Al2O3) into solid elec-
trolyte material lithium iodide (LiI), the ionic conductivity can be increased by two
orders of magnitude compared with that in pure LiI.178 A similar behavior was also
observed in other systems, e.g., Al2O3/AgI212, Al2O3/LiBr·H2O213, Al2O3/AgCl183,
SiO2/AgCl183, LiF/TiO2 180,186, and LiF/SiO2 214. The origin of this improved ionic
conduction was attributed to the formation of space charge layers near the two-phase
interfaces.176,184,185 In these space charge layers, the density of diffusive ionic carri-
ers can be increased, thus providing dramatically improved ionic conduction along
the interface.176,184,185,215 However, a range of physical properties of the two-phase
mixture can affect the space charge layer, such as particle/grain size183,216–218, vol-
ume fraction178,183, and the topological distribution of two phases176,177,219. Previous
examples have shown that the ionic conduction would firstly increase and then de-
crease with the volume fraction of the ionic insulator. It suggests that the density
of heterogeneous interfaces as a function of the volume fraction can be optimized.183
Furthermore, the particle/grain size and the distribution of phases can affect percolat-
ing paths for ionic conduction177. However, the lack of a predictive and quantitative
model hinders the development and design of heterogeneous solid ionic materials (in
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general) and coatings (in artificial SEI applications). A model that can predict the
interracial defect chemistry and also consider the heterogeneous structure complexity
shall be developed.
In this study, we developed a density functional theory (DFT) informed space
charge model for the design of an artificial SEI consisting of lithium fluoride (LiF)
and lithium carbonate (Li2CO3). DFT calculations have been used to compute the
thermodynamics of defects in the two phases in equilibrium with electrodes174,175 and
predict possible defect reactions near the LiF/Li2CO3 interface. This information
was then inputted to a space charge model183 to calculate the ionic and electronic
conductivity through the composite artificial SEI.
6.3 Methodology and model system
6.3.1 Interfacial defect chemistry: a revisit
The LiF and Li2CO3 composite coating serves as a good model system for this study.
Firstly, the ionic carrier and diffusion mechanisms are very different in LiF and
Li2CO3. It has been predicted that the Li ion interstitial is the dominant diffu-
sion carrier in Li2CO3 and it transports through a “knock-off” mechanism174; while,
in LiF, the major ionic carrier is Li ion vacancy and it diffuses via a hopping mech-
anism175. LiF is a good electronic insulator but Li2CO3 provides a relatively good
ionic conduction on an anode surface.174,175 Secondly, to the authors’ best knowledge,
the interfacial defect chemistry around LiF/Li2CO3 interface has not been explored
though it is critical to the performance of the composite coating. For example, if Li
interstitials in Li2CO3 174 prefer to migrate across the LiF/Li2CO3 to couple Li ion
vacancies in LiF, this process would cause the depletion of ionic carriers and reduce
the ionic conduction through the composite SEI. However, it has been shown that
the mixture of LiF and Li2CO3 as an artificial SEI on anode surfaces can improve the
rate capability and durability of the electrode.220 This phenomenon has been ratio-
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nalized by assuming that the mixture can simultaneously enhance ionic conduction
and electronic insulation.220 Our results also show that, by creating LiF/Li2CO3 in-
terfaces in the artifitical SEI, the concentration of ionic carriers is promoted near the
interface with the depletion of electronic carriers. Furthermore, to optimize electrical
transport properties in the mixture coating on anode, we propose a structure that
can maximize the interfacial effect and investigate the influences of the grain size
and the volume ratio of the two components on the total electrical conduction. Our
results show that the electrical conduction through the artificial SEI coating can be
optimized by carefully engineering the grain size and volume fraction.
Li+
D
Anode
A B
L¯A L¯B
Figure 6.1: Designed artificial SEI structure coated on the electrode surface (A repre-
sents Li2CO3 and B represents LiF); Zoom-in (Left): crystal structure of Li2CO3 with
Li interstitial defect (green: Li interstitial, grey: lattice Li, red: oxygen, and yellow:
carbon); Zoom-in (right): crystal structure of LiF with a Li ion vacancy (magenta:
fluorine and grey: lattice Li). The green arrow from the right to the left represents the
defect reaction near LiF/Li2CO3 interface: a lattice Li ion in LiF migrates to Li2CO3
side forming a Li ion interstitial in Li2CO3 and leaving a Li ion vacancy behind in
LiF.
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The designed structure of SEI is an array structure with Li2CO3 (phase A) and
LiF (phase B) grains alternately coated on the electrode surface (as shown in Figure
6.1 with a 2-D illustration). The ionic flux is parallel to the LiF/Li2CO3 interfaces,
e.g., during lithiation, the ions travel from top, through the SEI, to the electrode at
the bottom. In the past, a two-dimensional layered structure has been synthesized
for various purposes.221,222 The advantage of this structure is that: 1) it simplifies the
topological distribution of the two phases; 2) this structure, with the two-phase inter-
face parallel to the ionic conduction path, can provide the maximum ionic transport
(or a theoretical upper limit).183 As a result, this structure enables the maximum
increment of ionic conduction through the designed film in terms of the topological
distribution of the two phases.183 The average grain size is L¯A for Li2CO3 and L¯B for
LiF. The volume fraction (ϕAV ) of Li2CO3 is defined as
ϕAV =
nAL¯A
nAL¯A + nBL¯B
=
nAL¯A
D
, (6.1)
where nA(nB) is the number of grains of Li2CO3 (LiF) and nA ≈ nB when nA(nB)
1. Similarly, the volume fraction (ϕBV ) of LiF is ϕBV =
nBL¯B
D
.
The heterostructural LiF/Li2CO3 interface can influence the ionic conduction
compared with those in the bulk materials.81,176,179–181,186,223 Ionic conduction in LiF
and Li2CO3 is determined by the concentration of charge carriers and their migration
barriers.175 Since the defect formation energy in both materials is much larger than
the migration barrier, the Li ion conduction is limited by the concentration of diffus-
ing carriers. Thus, we only considered, in this model, the influence of heterogeneous
interface on the defect distribution. In addition, the defect concentration near the
interface is still low enough to satisfy the dilute defect condition. Multiple physical
processes can occur when two different materials are in contact176, e.g., the lattice
mismatch and the formation of a third phase. However, to a first approximation, we
consider a planar abrupt interface of which the atomic structures maintain the same
as those in the perfect crystal (Figure 5.3). An important physical process shall be
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considered near this ideal interface is defect reactions at the interface, i.e., electro-
chemical reaction176. The defect reactions depend on the type of dominant defects
in the bulk materials. The dominant defect in Li2CO3 on anode is Li ion interstitial
(Li•i ) and the positive charge is balanced by electrons (e′).174 In LiF, the main defect
is Schottky pairs, i.e., Li ion (V ′Li) and F ion vacancies (V •F ).175 The flow of electrons
across the interface is neglected, since LiF is an electronic insulator when coated on
anode.175 In addition, the migrations of fluorine and oxocarbon ion between Li2CO3
and LiF are neglected since these processes are energetically unfavorable. As a result,
we consider the following four Li point defects related reactions:
(R1): A lattice Li ion in LiF migrates to form a Li•i in Li2CO3:
Nil =⇒ Li•i (A) + V ′Li(B);
(R2): A lattice Li in Li2CO3 migrates to occupy a V ′Li in LiF (i.e., V ′Li migrates from
LiF to Li2CO3):
V ′Li(B) =⇒ V ′Li(A);
(R3): A lattice Li in Li2CO3 migrates to form a Li•i in LiF:
Nil =⇒ Li•i (B) + V ′Li(A);
(R4): A Li•i in Li2CO3 migrates to form a Li•i in LiF:
Li•i (A) =⇒ Li•i (B).
The change in chemical potential (∆µ) of each reaction can be estimated from
first principles calculations and only reactions with ∆µ < 0 is energetically favorable
to occur across the interface. The chemical potential difference after each reaction
can be written as
∆µ =
∑
i
(∆hi − T∆si). (6.2)
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In Equation (6.2), ∆hi is the change of enthalpy of a defect i and can be estimated
by the formation energy of a defect at the ground state
∆hi = Etot(i)− nLiµLi − Etot(bulk), (6.3)
where Etot(i) and Etot(bulk) are the calculated energies for the supercell with and
without the defect i. The calculated values of Σi∆hi for each reaction are listed
in Table 6.1.174,175 In this study, the values of energy (e.g., Etot(i), Etot(bulk)) were
calculated by density functional theory (DFT) with the plane wave basis sets in
the Vienna ab initio simulation package (VASP), as detailed in single phase calcula-
tions55,224. The exchange-correlation functional was approximated by the generalized
gradient approximation in the Perdew-Burke-Ernzerhof flavor (GGA-PBE)143. Ionic
potentials were mimicked by the projector-augmented-wave (PAW) potentials144. nLi
is the difference of number of Li atoms in the defected supercell compared with the
perfect one. µLi is the chemical potential of Li in the electrode with which the coated
material (LiF or Li2CO3) is in thermodynamic equilibrium. In this study, µLi ≈ −2.02
eV corresponding to µLi in the Li metal. In addition, T∆si in Equation (6.2) can be
estimated by (neglecting the contribution from vibrational entropy and assuming the
dilute defect situation)
T∆si ≈ −kBT ln
(
ci
Ns(i)
)
, (6.4)
where ci is the concentration of the defect i in the bulk material (Li2CO3 or LiF)
in equilibrium with the electrode in contact with.174,175 The values of ci in the bulk
materials were calculated by balancing the charges on all possible ionic defects and
electronic carriers, i.e., holes and electrons.174,175 Ns(i) is the density of the available
sites for defect i. The calculated values of ΣiT∆si and ∆µ for reactions R(1) to R(4)
are listed in Table 6.1. As a result, only reaction (R1) is possible at the LiF/Li2CO3
interface.
At equilibrium, this reaction causes the ionic carrier accumulation near the inter-
face and a space charge potential (φ(x)), as shown in Figure 5.3. It is important to
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Table 6.1: Summary of calculated values of ∆µ, Σi∆hi, and ΣiT∆si (eV) for each
reaction from DFT
R1 R2 R3 R4
∆µ -0.95 0.95 0.22 0.22
Σi∆hi 0.86 0.76 3.09 1.47
ΣiT∆si 1.81 -0.19 2.87 1.25
note that the space charge potential is continuous across the heterogeneous interface
which allows some interfacial atomic structural details to be neglected, such as the
interfacial elastic effects, higher dimensional defects, and the formation of a third
phase.176 The potential across the interface and the density of charge carriers can be
linked through the Poison-Boltzmann relationship176
∂2φ(x)
∂x2
= −
∑
i
zici(x)/εεr, (6.5)
where ci(x) is the density of the charged defect i and zi is the quantity of charge
carried by a single defect i. At thermodynamic equilibrium, the electrochemical
potential (defined as µ˜Mz = µMz + zeφ(x), where µMz is the chemical potential of a
defect M with charge z) is uniform∑
i
µ˜i(x) = µ˜Li•i (x) + µ˜V ′Li(x) = 0. (6.6)
6.3.2 Defect concentration and grain size of Li2CO3
We consider the conductivity parallel to the interface in Li2CO3. According to the
Nernst-Einstein relationship, the ionic conductivity is proportional to both the con-
centration and diffusivity of the dominant defect carrier. We assume that the trans-
port property of accumulated defects in the space charge region of Li2CO3 does not
change significantly with that in the bulk. The total concentration of ionic carriers
(Li•i ) in Li2CO3 is183
C ′Li•i =
1
L¯A
∫ L¯A
0
cLi•i (x)dx, (6.7)
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Figure 6.2: Schematic illustration of defect distribution and space charge potential
across the LiF/Li2CO3 interface.
where L¯A is the size of the Li2CO3 phase. As a result, the increment of defect
concentration compared with bulk Li2CO3 can be expressed as
∆CLi•i = C
′
Li•i
− C∞Li•i , (6.8)
where C∞Li•i =
∫ L¯A
0
c∞Li•i dx = c
∞
Li•i
L¯A is the defect concentration in the bulk. Accord-
ing to Nernst-Einstein relationship, the increment in ionic conductivity due to this
interface is
∆σ =
z2F 2DLi•i
RT
∆CLi•i . (6.9)
The ionic conduction parallel to the Li2CO3/LiF interface depends on the defect
chemistry near the interface and the grain size (L¯A/2 for 1-D approximation) of
Li2CO3, i.e., Eq. (6.8). On the one hand, the interfacial defect effect will vanish if
L¯A  4λD and the ionic conductivity will be dominated by the bulk properties; On
the other hand, if L is too small (typically when L¯A  4λD), the defect concentration
at L¯A/2 is not the bulk defect concentration (Insert (b) of Fig. 3)225. In the following
discussion, we consider a symmetric piece of Li2CO3 sandwiched by LiF. As a result,
the defect chemistry is symmetric about x = L¯A/2 and the electric field vanishes
at x = L¯A/2225. The electric field can be expressed by integrating the poison’s
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equation225
dZ
dξ
= ±(2 coshZ − 2 coshZ∗)1/2, (6.10)
where Z ≡ (φ− φ∞)/kBT and Z∗ refers to the value of Z at x = L¯A/2. Replacing Z
with ζ according to the relationship Z = 2ln1−ϑe−ξ
1+ϑe−ξ , Eq. (6.10) reads
dlnζ
dξ
=
[
(ζ + ζ−1)− (ζ∗ + ζ∗−1)]1/2 . (6.11)
Integrating Equation (6.11) from x = 0 to x = L¯A/2, the relationship between the
defect concentration at x = L¯A/2 (ζ∗) and that at x = 0 (ζ0)225
L¯A
2λD
= 2
√
ζ∗[F (ζ∗;
pi
2
)−F (ζ∗; arcsin
√
ζ0/ζ∗)], (6.12)
where F (k;χ) =
∫ χ
0
dα(1− k2 sin2 α)−1/2 is the elliptical integral.
0 0.5 1 1.5 2
LA/(2λD)
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Figure 6.3: Concentration enhancement at L¯A/2 (ζ∗) as a function of the reduced
grain size ( L¯A
2λD
).
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According to Eq. (6.9), the increment of ionic conduction of Li•i in Li2CO3 with
length L can be estimated by225
∆σLi•i =
2
L¯A
z2F 2DLi•i
RT
∫ L¯A/2
0
dx(cLi•i (x)− c∞Li•i ) (6.13)
Since there is no explicit expression for cLi•i (x) − c∞Li•i , we use the approximation
cLi•i (x)− c∞Li•i ≈ cLi•i (x)− c′e =
ρ(x)
zF
225 and insert it to Eq. (6.13)
∆σLi•i ≈
2
L¯A
zFDLi•i
RT
∫ L¯A/2
0
dxρ(x). (6.14)
Inserting Poisson’s equation to Eq. (6.14), we have
∆σLi•i =
2εεr
L¯A
zFDLi•i
RT
∫ L¯A/2
0
dx
[
−d
2φ
dx2
]
= −2εεr
L¯A
zFDLi•i
RT
[
dφ
dx
∣∣∣∣
x=
L¯A
2
− dφ
dx
∣∣∣∣
x=0
] (6.15)
Since the electric field vanishes at x = L¯A/2 by considering the symmetry, the incre-
ment of ionic conduction can be expressed as
∆σLi•i ≈
2εεr
L¯A
zFDLi•i
RT
dφ
dx
∣∣∣∣
x=0
. (6.16)
Inserting Eq.(6.10) (positive solution) to Eq. (6.15), we have225
∆σLi•i =
4λD
L¯A
z2F 2DLi•i
RT
c∞Li•i
× [(ζ0 + ζ−10 )− (ζ∗ + ζ∗−1)]1/2 . (6.17)
As a result, the increment of the ionic conduction due to the movement of Li•i
depends on the defect chemistry near the interface (x = 0) and the defect concentra-
tion in the middle x = L¯A/2. Since the defect concentration (cLi•i ) in Li2CO3 near
the LiF/Li2CO3 interface is strongly enhanced, ζ−10 is negligible compared with ζ0. In
addition, when the grain size of Li2CO3 is very small, typically L¯A ≤ 4λD, the value
of ζ∗ is comparable with that of ζ0, and thus, ζ∗−1 can be neglected.225 As a result,
Eq. (6.17) can be simplified as
∆σLi•i =
4λD
L¯A
z2F 2DLi•i
RT
[
c∞Li•i (c
x=0
Li•i
− c∗Li•i )
]1/2
, (6.18)
where cx=0Li•i is the concentration of Li
•
i at the interfacial boundary.
81
6.4 Results and discussion
This interfacial space charge region causes an accumulation of ionic carriers, and thus,
promotes the ionic conductivity. As shown in Figure 6.2, Li lattice ions migrate from
the LiF (B) side to the Li2CO3 (A) side forming Li ion interstitials (Li•i ) in Li2CO3
and leaving Li ion vacancies (V ′Li) behind in LiF. For simplification, we consider LiF
as an ionic and electronic insulator on the negative electrodes for the following rea-
sons: 1) The concentration of charge carriers in bulk Li2CO3 and LiF varies orders of
magnitude (
cLi•
i
(A)
cV ′
Li
(B)
≈ 1012)174,175; 2) The defect concentration dies out dramatically
away from the interface (cV ′Li curve in Figure 6.2); 3) The transport barrier for V
′
Li
in LiF is much higher than that of Li•i in Li2CO3. According to the Nernst-Einstein
relationship, the ionic conductivity is proportional to both the concentration and dif-
fusivity of the dominant defect carrier. We assume that the ionic transport barrier of
accumulated defects, i.e., Li•i , in the space charge region does not change significantly
from that in the bulk. As a result, the increment of ionic conductivity in a single
Li2CO3 grain with size L due to the space charge effect is
∆σ =
z2F 2DLi•i
RT
∆CLi•i , (6.19)
where ∆CLi•i =
1
L¯A
∫ L¯A
0
cLi•i (x)dx − c∞Li•i 183 is the total increased amount of ionic
carriers in the Li2CO3 grain compared with that in the bulk material of the same
size, F is the Faraday constant, DLi•i is the diffusion coefficient of Li
•
i in Li2CO3
which is estimated from DFT calculations174, R is the gas constant, and T is the
temperature.
It is important to point out that the increment of ionic conductivity through a sin-
gle Li2CO3 grain highly depends on the grain size (L¯A), as shown in Equation (6.19).
The interfacial effect vanishes if L¯A is too large, typically when L¯A  4λD 217,225. λD
is the Debye length which is defined as81
λD =
√
εεrRT
2F 2c∞Li•i
(6.20)
82
0 0.5 1 1.5 2
LA/(2λD)
0
2
4
6
8
10
12
 
∆σ
 
(10
-
6  
S/
cm
)
 σ (bulk Li2CO3)
≈ 6.7× 10−8  S/cm
cLi•i (L¯A > 4λD)
c∞Li•i
(a)
c∞Li•i
cLi•i (L¯A ≤ 4λD)
(b)
Figure 6.4: The increment of ionic conductivity as a function of the reduced average
grain size of Li2CO3 (L¯A/(2λD)); Insert (a): illustration of Li•i concentration profile
in Li2CO3 when L¯A > 4λD; Insert (b): illustration of Li•i concentration profile in
Li2CO3 when L¯A ≤ 4λD.
where εr = 4.9187 is the relative permittivity of Li2CO3 and c∞Li•i is the bulk defect
concentration in Li2CO3. For example, λLi2CO3D ≈ 9 nm when Li2CO3 is coated on
lithium metal electrode. When L¯A  4λD, the contribution of accumulated defects
near the LiF/Li2CO3 interfaces becomes insignificant (Insert of Figure 6.4). In our
study, in order to estimate the grain size effect on the total ionic conduction, we
consider Li2CO3 grains symmetrically sandwiched by LiF (as shown in Figure 6.1).
As a result, the profile of defect concentration has a mirror symmetry about L¯A/2 and
the increment of ionic conductivity (∆σLi•i
(
L¯A
)
) depends on the defect concentration
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at L¯A/2 (c∗Li•i )
∆σLi•i
(
L¯A
)
=
4λD
L¯A
z2F 2DLi•i
RT
[
c∞Li•i (c
x=0
Li•i
− c∗Li•i )
]1/2
, (6.21)
where cx=0Li•i is the concentration of Li
•
i at the LiF/Li2CO3 interfacial boundary. Fig-
ure 6.4 shows the dependence of ∆σLi•i on the reduced average grain size of Li2CO3
(L¯A/(2λD)) when this composite material is coated on Li metal electrodes. Compar-
ing with the ionic conductivity of Li ion in bulk Li2CO3 coated on Li metal electrodes
(≈ 6.7× 10−8 S/cm), the ionic conductivity through Li2CO3 can be increased by two
orders of magnitude if the average grain size in the coating is less than λD (λD ≈ 9 nm
when coated on Li metal). This corresponds to a drop in the area specific resistance
(ASR) from 1.5× 107 Ωcm2 to 105 Ωcm2 by assuming that the one dimensional size
of the electrode (D) is about 1 cm (ASR[Ωcm2] = D[cm]
σ[S/cm]
).
Another important factor that influences the ionic conductivity of the LiF/Li2CO3
composite coating is the volume fraction. On the one hand, increasing the LiF amount
would potentially increase the interface density which is beneficial to the ionic con-
ductivity; on the other hand, LiF can play a negative role in promoting the ionic
conduction due to the fact that LiF is a poor ionic conduction on anode surfaces
(blocking Li ionic conduction). Assuming all the electrode surface is covered by the
composite artificial SEI, i.e., nAL¯A+nBL¯B = D, the total ionic conductivity through
the composite coating can be calculated by
σ = ϕAV σLi•i
(
L¯A
)
= (1− ϕBV )σLi•i
(
L¯A
)
, (6.22)
where ϕAV (ϕBV ) is the volume fraction of Li2CO3 (LiF) as defined in Equation (6.1).
However, Equation (6.22) can be invalid when ϕAV approaches 1 (ϕBV → 0), due to
the fact that the space charge effect vanishes when too little amount of LiF is in the
coating (left side of Figure 6.5). In our model, we assume that the space charge effect
vanishes when the average grain size of LiF (L¯B ≈ L¯A( 1ϕAV − 1)) diminishes to the
lattice constant of LiF. The theoretical upper bound for the ionic conductivity through
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the composite SEI coating is controlled by the average grain size of Li2CO3 (L¯A). For
a fixed value of the average grain size of Li2CO3 (L¯A), the ionic conductivity initially
increases by introducing LiF into Li2CO3 but decreases after reaching a maximum at
which the maximum density of LiF/Li2CO3 interface is achieved. Interestingly, the
ionic conductivity can be promoted by one order of magnitude compared with that
of bulk Li2CO3 with 90%volume of LiF when the average grain size of Li2CO3 is very
small, e.g., L¯A = 0.25λD. It is because that small Li2CO3 grains are highly ionic
conductive when L¯A is below 0.5λD (Figure 6.4). However, the ionic conductivity
can be lower than the value for the bulk Li2CO3 when ϕBV is above a critical value,
e.g., ϕBV > 0.9 for L¯A = 4λD. It is caused by the ionic blocking effect of LiF which
becomes dominant at this large ϕBV region (right side of Figure 6.5).
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Figure 6.5: The total ionic conductivity (σ) of the LiF/Li2CO3 coating as a function
of the volume fraction for different average grain size of Li2CO3.
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It should be noted that the magnitude of the enhancement in ionic conduction
is based on our proposed structure which provides a theoretically high ionic conduc-
tion caused by the space charge effect near the LiF/Li2CO3 interfaces. We realize
that, in experimentally synthesized artificially SEIs or naturally formed SEIs, the
nano-structure of LiF/Li2CO3 phases, which may be different from that described
in the study, could influence the ionic conduction. For example, the orientations of
LiF/Li2CO3 interfaces, especially when they are parallel to the electrode226,227, would
make the contribution from space charge effect to the total ionic conductivity less
dramatic as described in Figure 6.5. Furthermore, if the two phases form a random
nano composite structure, an approach similar to that of the Hashin’s bound228 for
the sphere-based composites may be used to estimate the overall ionic conductivity.
Nevertheless, interfaces that penetrate through the thin film may still be important.
As a result, the current model is considered. In addition, the chemical component
variation in the natural SEI could also enhance the ionic conduction. For example,
Li2EDC (dilithium ethylene carbonate), in contact with electrolyte, could cause an
accumulation of Li ion and a depletion of electrons in Li2EDC near the interface.229
This effect would also increase the ionic conduction due to the increment in ionic
carriers in the SEI but reduce the electronic conduction due to the decreased con-
centration of electrons in SEI. As a result, more complicated structural and chemical
heterogeneity should be considered for a complete description of electrical conduction
through the multi-component SEIs.
Besides the improvement in ionic conduction, this LiF/Li2CO3 composite artifi-
cial SEI coating can provide a better protection of electrolyte decomposition. It is
believed that the leakage of electrons from the electrode to the electrolyte can cause
electrolyte molecule decomposition and, leading to irreversible capacity loss.101,194,208
The number of the electronic carriers are reduced (e.g., electrons in Li2CO3 174): 1)
LiF is a good electronic insulator on an anode surface with low concentration of elec-
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trons and holes;175 2) In the space charge region of LiF/Li2CO3 interface, the electron
in Li2CO3 is depleted, as shown in Figure 6.2. As a result, the electronic leakage can
be reduced due to the decreased electronic concentration which leads to a reduced
electronic conductivity
∆σe = eµe∆ne, (6.23)
where µe is the mobility of electrons which is assumed to be the same in the space
charge region as in the bulk material, ∆ne is the difference in the concentration of
electronic carriers compared with that of a bulk material.
6.5 Conclusions
In summary, we presented a theoretical design of a two-component artificial SEI coat-
ing based on the space charge model and density functional theory. We found that
the LiF/Li2CO3 composite coating on an anode surface can provide an improved
passivation function (reduced electron leakage) with an increased ionic conduction.
This phenomenon can be attributed to defect reaction and redistribution near the
LiF/Li2CO3 interface by forming a space charge layer. We further proposed a struc-
ture that can maximize the space charge effect. Based on this structure, we investi-
gated the influence of two important factors, i.e., volume fraction and grain size, on
the total ionic conduction. Our results suggested that ionic conduction in Li2CO3
can be improved by mixing the ionic insulator LiF. However, the magnitude of in-
crement in ionic conduction depends on the grain size and the volume fraction of
the two phases. The ionic conductivity can be promoted by decreasing the grain
size of Li2CO3. With the same average grain size of Li2CO3, the ionic conductivity
increases initially by introducing LiF into the composite SEI coating for the reason
of the increased density of LiF/Li2CO3 interfaces. However, it decreases with further
increment of LiF due to the ionic blocking effect of LiF. The knowledge is important
not only to understanding the electrical conduction through the naturally formed SEI
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but also to providing a new insight for designing composite protective coatings on
electrodes and composite solid electrolyte with high ionic conductivity.
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Chapter 7 Summary and outlook
In this thesis, we have demonstrated a multiscale modeling study of ionic and elec-
tronic conduction in the Si electrode and its SEI with consideration of the multiscale
physics and chemistry. The main conclusions are:
1. Ionic transport in stressed amorphous Si electrodes: The coupling ef-
fect between stress and lithium diffusion leads to a grand challenge to optimize
the design of Si electrodes with high capacity and high rate capability, partic-
ularly considering the amorphization of Si during initial cycles. We presented
a study integrating both calculations and experiments to understand the effect
of stress on Li diffusion in Si electrodes. Explicit ab initio molecular dynamics
(AIMD) simulations based on density functional theory (DFT) were performed
to study the changes in structure, diffusion rates, and mechanisms in stressed
Li-Si systems. Our results showed that two Li diffusion mechanisms are op-
erating depending on the stress state. Specifically, the stress can increase Li
diffusion either through increasing free volume under tension or by changing
local structure under compression. Both calculation and experimental results
demonstrated that diffusion coefficients vary by one order of magnitude within
the range of stress generated during the lithiation and delithation process.
2. Ionic conduction in single-component solid electrolyte coatings on
electrodes: Our results provided a new understanding of the physics of ionic
transport by considering a solid electrolyte in contact with an electrode, whereas
previous studies largely focused on ionic transport in stand-along solid elec-
trolytes. Applying first principles quantum mechanics to a solid electrolyte and
electrode system, we established a linkage between defect concentration, ionic
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transport, and the open-circuit voltage of the electrodes. We demonstrated
that, by varying the voltage of the electrode, the ionic conduction can be al-
tered by 18 orders of magnitude in the solid electrolyte. In addition, our newly
developed computational method is generally applicable to a wide range of ionic
conduction problems. For example, it can be applied to predict ionic conduc-
tion in various physical systems in which defect concentrations and thus, the
rate of ionic transport, are a function of an external field (e.g., chemical or
electrochemical potentials).
3. Ionic and electronic conduction in multicomponent solid electrolytes:
We investigated the effect of interfaces in SEI components (e.g., LiF/Li2CO3)
on defect distribution, and thus, ionic and electronic conduction. Based on
the bulk defect properties obtained from DFT calculations, we calculated the
defect redistribution near the LiF/Li2CO3 interface by considering defect mi-
gration and reactions across the interface. We found that, in the ionic space
charge region of Li2CO3 near the LiF/Li2CO3 interface, Li ion interstitials are
accumulated but the electrons are depleted. This demonstrates a possibility
that, by engineering a mixture of LiF and Li2CO3 in an artificial SEI, the ionic
conduction can be enhanced and the electron leakage through the SEI can be
reduced, thus enhancing the durability and performance of electrodes. This
method can be applied to design SEI composition and structure, as well as
multi-phase solid electrolytes with high ionic conductivity.
4. Design of nanostructured heterogeneous artificial SEI coatings: In
order to help engineer an artificial SEI with optimized electrical conduction,
it is necessary to study the influence of some important physical properties,
e.g., grain size, volume fraction, and topological distribution of the two phases.
Based on our thermodynamic data from density functional theory calculations
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and space charge model, we studied the effect of grain size and volumetric ratio
on the total ionic conductivity. We chose a coating structure of LiF/Li2CO3
with the LiF/Li2CO3 interfaces parallel to the transport direction of ions. The-
oretically, this structure presents an upper limit of the ionic conduction through
a two-components mixture. The ionic conductivity through Li2CO3 grain in-
creases by decreasing the grain size. It is because that the interfacial effect
that causing the accumulation of ionic carrier becomes more dominant when
reducing the grain size. In addition, the total ionic conductivity benefits from
moderately mixing LiF into Li2CO3. The optimized amount of mixing depends
on the grain size of Li2CO3. As a result, our results predict that the optimized
ionic conduction can be achieved by reducing the grain size of Li2CO3 and
introducing moderate amount of LiF into the artificial SEI.
This research opens many opportunities to further optimize the ionic and elec-
tronic conduction in Si electrode and its SEI. For example, the defect chemistry in
other components in SEI, e.g., Li2O, is important to map the whole picture of electri-
cal conduction through the SEI. The topological distribution of different components
in SEI would also be important to determine the contribution of space charge effect
to the total electrical conduction. In addition, to the development of methodology,
models with consideration of more complicated physics are necessary. For instance,
in our DFT informed space charge model, we assume an abrupt contact between
two phases. But, in really, multiple physical processes may happen, e.g., the lat-
tice mismatch, the formation of a third phase, and Fermi level matching (for two
phases both with considerable electronic carrier concentration). In our study of the
LiF/Li2CO3 interface, we assume that the defect reaction near the interface reaches
a thermodynamic equilibrium. However, to make this DFT informed space charge
model applicable to other cases, we need to consider the kinetics of ion/electron/hole
transport which may be a limiting step to reach equilibrium.
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